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Abstract. The current status of experimental knowledge and theoretical views about
nonstoichiometriccompounds and heteroionicsolid solutions is brieflysurveyed,particularly
in relation to structural aspects. It is emphasised that there is a little understood transition
from the state adequatelydescribed by point defecttheory,valid for verysmall deviationsfrom
id~al stoichiometry, to the highly organised local structure of crystals with a high formal
concentration of defects. The role of short range ordering effects, of microdomains of
modified, ordered structure and of defect clusters in different systemsis considered. Orderdisorder transformations undergone by nonstoichiometric phases at high temperatures
present a special problem. The high temperature phases have very high formal defect
concentrations, and the site correlation coefficientsfound experimentallydiffer but little from
those predicted for completelyrandom structures, although the high defect concentrations
imply that all the factors promoting short range ordering must be strong.
Theoretical developments are considered. Treatments of pair interaction effects, and
calculations of the energeticsof defect interaction and the reconstructiveformation of defect
clusters hold some promise for theoretical development.
Keywords. Nonstoichiometriccompounds;superstructure; short range order; microdomains;
defect dusters; point defects; extended defects.

1. Introduction
Most ofcbemistry is concerned with the study of molecular systems, entities which, by
definition, are uniquely defined by their immutable chemical composition. Less well
understood, and providing a recurrent theme in the chemistry o f the solid state, is the
fact that there is no absolute, one-~to-one correspondence between the composition and
the chemical identity o f those crystalline solids that have non-molecular, network
structures.
Interest in this topic dates from the work o f Kurnakow, at the turn o f the century, on
the phase equilibria in intermetallic systems; but intermetallic chemistry then appeared
to lie outside the normal laws o f chemistry. The seminal work was that of Chaudron
(1921) and o f Schenck et al (1927.). They established that ferrous oxide, the progenitor
o f the whole series of iron(II) salts, not only had a wide range of composition under
equilibrium conditions (from about FeOl.o5 to FeO1.15 ), but that the stoichiometric
composition FeO~.oo lay outside the stable range and did not exist. It was the timing of
this work that lent it special significance. Structural x-ray crystallography was rapidly
developing, and the structures of the simpler inorganic compounds--including the
rocksalt (B1 type) structure of ferrous o x i d e - - h a d been determined. This meant that
the purely thermodynamic idea of 'solid solutions', devoid o f any structural connotations, must be given a precise meaning in structural, atomistic terms. Concurrently
being introduced into physico-chemical thinking were point defects in crystals-unoccupied sites or atoms in (interstitial) positions not proper to the crystal structure.
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This notion of crystal imperfections, formulated by Frenkel, Schottky and others to
interpret atomic transport processes within crystals, could be extended to cover the way
in which the regular, in many cases simple, structure of a crystalline compound could
adapt itself, without loss of identity, to changes in the numbers of atoms that must be
fitted into sites provided by the crystal structure.
Structure, and how it is related to the thermodynamic, electronic and transport
properties of nonstoichiometric compounds, has since been a major field of study. It is
now familiar that ideas about this have undergone great changes in recent years,
without reaching either finality or any comprehensive interpretation of the phenomena.
The literature relevant to this aspect of the physics and chemistry of solids is immense;
no single review could attempt to cover it. The object of this review is, rather, to examine
current ideas with particular reference to a limited number of chemical systems that
exemplify their basis, justification and limitations. This paper deals chiefly with the
finite (i.e. spatially localised) imperfections in crystals that underlie the formation of
truly nonstoichiometric compounds. Treatment of planar defects and other unbounded imperfections is deferred for a subsequent paper.

2. Some general considerations
The essence of crystal theory is translational symmetry; the concept of an element of
pattern, the unit cell, containing a specified number of atoms of each kind in a
completely defined spatial arrangement which, by identical and continuous repetition
in three dimensions, builds up the macroscopic crystal. Strictly interpreted, translational symmetry would exclude the existence of any form of disorder in crystals, or
any deviation from the ideal composition.
Any physical realistic crystal is an assemblage of a very great number of unit cells; like
all real, macroscopic systems it is subject to the overriding principles of statistical
thermodynamics. Any conceivable perturbation of the perfectly ordered structure, e.g.
the creation of point defects, has a probability that is not a mathematical zero (above
0 ~ K), but is set by the enthalpic cost of the perturbation and its effect on the entropy of
the system. Regarded as a thermodynamically closed system, a crystal embodies a
certain equilibrium concentration of defects. Treated as an open system in equilibrium
with its environment, the admissible perturbations include the abstraction or addition
of component atoms. The composition of the crystal is no longer mandatorily constant.
With the publication of the classical paper by Sc'hottky and Wagner (1931) 'On ordered
mixed phases', these concepts were introduced into solid state chemistry.
Contemporary with the introduction of the statistical thermodynamic outlook was
the accumulation of much evidence that ferrous oxide was by,no means unique. The
period up to 1940 saw the acquisition of evidence about stoichiometric variability,
much of it in the thorough work of W Blitz and his school, in a long series of papers
entitled 'Systematic doctrine of affinity'. How crystal defects contributed to nonstoichiometry was diagnosed, in broad terms, beginning with the demonstration, by
Jette and Foote (1933), that in ferrous oxide there is a deficit of iron (5 ~o to 15 % vacant
sites), not an in-built excess of oxygen. Oxides, sulphides, carbides, etc., the typical
classes of compounds existing only in the condensed state, could be classified, on
chemical criteria, as 'Daltonide', of sensibly invariant composition, or 'Berthollide',
with significantly variable stoichiometry.
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Nonstoichiometric crystals were first interpreted, as regards their structure and their
thermodynamics, in terms of the statistical thermodynamics of point defects. This
approach was already applied to several systems by Schottky and Wagner in their first
papers. However, as structural information has increased, and especially with the
development of new experimental techniques, that approach has necessarily been
replaced by an emphasis on more far-reaching perturbations of the basic or parent
structure: extended defects and new modes of local ordering that retained the coherence
of the crystal structure. Without surveying the now vast literature, the present aim is to
examine how current concepts are related to the point defect model. The point defect
description is a powerful tool within the area of its applicability, and is mathematically
more tractable than treatments based on extended defects, but much evidence relating
to highly defective solids points to the various forms that extended defects can take. The
need is to trace the transition from point defects in highly dilute defect systems to highly
structured imperfections in nonstoichiometric crystals, all as a consequence of
statistical thermodynamic constraints.
The term 'nonstoichiometric compound' has sometimes been applied loosely,
especially in the physical literature. In this review, it is to be defined in strictly
operational terms; the criterion is that a crystalline compound, in equilibrium with its
environment, behaves as a thermodynamically bivariant system. The chemical
potentials of the components are a continuous function of the composition of the solid,
over an observable range of composition. For a 'Daltonide' (line phase) there is a
discontinuous step, from one equilibrium value of the chemical potential to another, at
the unique composition of the compound. In terms of the statistical thermodynamic
model, this is an idealization. What constitutes an observable range of composition
depends upon the method of observation. As ordinarily used, the term is applied to
ranges of composition that are measurable by chemical analysis; methods of counting
electrons or positive holes can be orders of magnitude more sensitive. The essence of the
problem is to relate the wide-range nonstoichiometric compounds to those that are
characterized only in terms of their electronic properties, and that can be quantitatively
understood in the terms of point defect theory.
A second operational characteristic, implicit in the definition of a single bivariant
phase, is that its translational and space group symmetry remain unchanged across the
composition range. Crystal properties may change progressively in magnitude with
composition; thus, there is usually a small change in the cell dimensions, following
Vegard's law, and the structure factors of some reflections, in x-ray and neutron
diffraction, may change significantly. These changes reflect, respectively, the alteration
in mean binding energy and the changes in site occupancy; as is discussed below, they
may also reflect more profound changes in microstructure. Some properties that are
regarded as significant in equilibrium studies, such as the maximum melting point or
the composition of congruent vaporization, need not coincide exactly with the ideal
composition of the compound, but be detectably displaced from it. The phase breadth
is usually unsymmetrical about the ideal composition, the extreme case being found in
compounds such as Fe I _xO, for which the unit cell composition lies outside the range
of stability.
This operational definition of nonstoichiometry does not depend upon any
assumptions about the structure of the bivariant phase. The concept of an idealised
structure implies that the stoichiometry is uniquely defined by the composition of the
repeating unit cell, a reference datum which furnishes a definite number of sites for each
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species of atom, in a particular spatial configuration, all sites being occupied by the
appropriate kind of atom. "l~heformula of the unit cell--which corresponds exactly to
that for a free molecular species--may be complex, with apparently irrational atomic
ratios of the constituents, but is none the less unambiguously defined. Thus the niobium
oxides NbO2.soo, NBO2.4906, NbO2.4soo , NbO2.46sl , NBO2.4545 and NbO2.4t~ do
not represent compositions within some range of stoichiometry, but are a succession of
discrete, crystallographicaUy defined compounds Nb28070 (Nb2Os), Nb530132,
Nb2~Oe2, Nb470116, Nb22054 and Nb12029. That such closely spaced phases are
systematically and structurally related is, however, relevant to the crystal chemistry of
nonstoichiometric compounds. Although trivial, these definitions are important
because they are occasionally used loosely.
In any nonstoichiometric compound, the number of atoms per average unit cell is no
longer equivalent to the number of sites. In polar compounds, it is usually, though by no
means always, the case that one sublattice (either the cation sublattice or the anion
sublattice) remains sensibly invariant, whilst the species tenanting the other sublattice
may be either deficient (i.e. average cell contents < site number), in which case some
sites must be empty, or present in excess (i.e. average cell contents > site number),
implying that atoms occupy sites not used in the parent structure (interstitial atoms). A
simplistic application of point defect ideas directly identified the deficit or surplus of
atoms per average unit cell with the concentration of vacancies or interstitials respectively, and thus assumed that the concentration of defects could be equated with the deviation from ideal stoichiometry. It is now clear that that is not a valid generalisation.
Nonstoichiometric compounds are necessarily mixed valence compounds. The
electronic structure of polar compounds is best described in terms of the band model,
with filled valence band, empty conduction band and an integral ratio of electrons to
atoms in any occupied, non-bonding bands (e.g. the d a band in NiO). A
nonstoichiometric compound necessarily has a non-integral electron/atom ratio;
impurity levels are created within the band gap, or the population of the non-bonding
bands is changed. As Wagner recognised from the outset, nonstoichiometry is thereby
directly linked with semiconductor properties, metal-excess compounds being electron
conductors, metal-deficient compounds positive hole conductors. More strictly,
conduction is likely to be by electron hopping, or polaron migration: large polarons
where an equivalent description would be a strict localisation of ions in different
valence states, small polarons where the carrier levels lie within a narrow non-bonding
band.
A simple model of electrons or positive holes in defect levels cannot hold good for a
crystal that departs widely from ideal stoichiometry: the formal concentration of
defects becomes too high to neglect interaction effects. One potential consequence of
this is that, for some electron/atom ratios the system can lower its energy by forming a
superlattice structure, with a multiple of the original unit cell and a correspondingly
smaller, filled Britlouin zone. In highly polar compounds, the formation of a
superlattice can involve some structural rearrangement, and is considered later.
It is familiar that some classes of compounds between the metals and the nonmetals
exhibit fully metallic characteristics, and that there can be a transition between the
metallic and the highly polar (whether ionic or covalent) types, as in the monoxides of
the transition elements. Where there is overlap of non-bonding and conduction bands,
so that electrons occupy states in partially filled bands, the constraints imposed by
electronic considerations are less, and are less clear. Any change in the metal/nonmetal
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ratio alters the overall electron/atom ratio by augmenting or diminishing the
population of states at the Fermi level. The consequences of such changes, and
especially the effects of nonstoichiometry on the binding energy of the crystal, depend
upon the precise form of the density of states function in the neighbourhood of the
Fermi level of the parent structure.
There is a further difference between insulating (wide band gap) compounds and
metallic compounds. As already indicated, nonstoichiometry in the former can be
validly described in terms of forming ions in a different valence state, compensating a
corresponding number of structural defects. Coulomb forces between altervalent ions
and structural defects are long range forces, which can furnish the driving force for
structural rearrangement; this rearrangement can supervene when the deviation from
stoichiometry reaches a level at which the mean spacing between defects, whatever their
nature, falls below some critical value. In metallic crystals, the delocalised electrons
screen centres of local electron excess or deficit from long range interactions. The
tendency for structural reorganization is thereby greatly lessened, but the possibilities
for superstructure formation remain, since the mean electron energy can thereby be
reduced. It is qualitatively understandable that nonstoichiometric compounds with a
wide range of existence should be rather uncommon amongst the more ionic
compounds, but should be found with strikingly wide stoichiometric ranges amongst
the oxides, nitrides, carbides, etc of the transition metals.
The true nonstoichiometric compounds cannot be discussed without considering the
heteroionic solid solutions, in which the cations of a parent structure are replaced by
controlled and predetermined amounts of cations of another element, in a different
valence state. The outcome of such substitution depends on the valence properties of
host and substituent:

Host species

Substituent

Effect

Variable valency
Fixed valency
Fixed valency

Fixed valency
Variable valency
Fixed valency

Controlled valence of host cations
Induced valence of substituent cations
Controlled structural defects

In the first two cases, there will be some range of chemical potentials within which it is
energetically advantageous to alter the electronic structure, rather than to introduce
structural defects (vacant sites or interstitials) to compensate for change in the ratio of
atoms to valence electrons. Thus lithium-doped nickel oxide exemplifies the first type.
The electron/atom ratio required for tbeaveraged rocksalt structure of LixNil _xO is
conserved by compensating each Li + cation by a Ni 3+ cation; electrons are withdrawn
from the nickel d band and the material is a positive hole conductor. Its electronic
properties are controlled by the substitution without creating any structural defects,
over a wide range of oxygen fugacity. In induced valence, it is energetically
advantageous to alter the charge state of the guest cations to that of the host structure,
rather than to introduce structural defects. Thus manganese, at low concentrations, is
incorporated into A1203 as Mn 3 + ions, and into TiO2 as Mn 4 + ions.
Directly relevant to the discussion of nonstoichiometry are heteroionic systems of
the third type. It was shown at an early stage, by Zintl and Udgard (1939) that
substitution of a foreign ion, of different valency, involved the creation of structural
defects of the same kind as are involved in the nonstoichiometric materials. The
intrinsic defect equilibrium of the host structure is thereby displaced. The important
feature of the heteroionic systems is that their defect concentration is very high and is
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completely defined by the chemical composition over a wide range of experimental
conditions (e.g. chemical potentials and temperature), since the imposed defect
concentration swamps that arising from the inner equilibrium of the crystals.
Moreover, it is frequently possible to extend the stoichiometric unbalance far beyond
the range of stability of analogous nonstoichiometric compounds. Work on heteroionic solid solutions has therefore been important in developing ideas about the
constitution of nonstoichiometric crystals.
There is, however, an important difference, that affects the response of defect
structures to all the interaction effects that tend towards long range order. As is
discussed more fully below, Coulomb interactions strongly associate structural defects
and electronic defects; they pair up on closely neighbouring sites. In a (homoionic)
nonstoichiometric compound, electronic defects are not rigorously localised; cation
charge states are interchangeable by electron transfer (polaron migration). As a
consequence, structural defects and compensating charges can move together in any
ordering processes. In heteroionic solid solutions, the electronic defect is anchored at
the site of the substituent cation, and structural defects are thereby pinned and
immobilised. Any possibility of establishing some long range order of vacant sites,
interstitial atoms, etc is contingent upon transport processes that redistribute the
substituent atoms. In some structure types there is a large inherent disparity between
the mobility of the anion- and cation-sublattices, so that energetically desirable
ordering processes may be completely inhibited. This restriction on long range ordering
is one reason why heteroionic solid solutions not uncommonly have a much broader
range of stoichiometry than the structurally analogous compounds. Thus, in the pure
PrO2-x system, at low temperatures, there is a succession of distinct line phases
produced by the superstructure ordering of vacant oxygen sites and of Pr 3§ and Pr 4 §
cations. A very small concentration of randomly distributed, immobile cations of other
lanthanide elements, Ln 3+, blocks that ordering and simulates the formation of a
nonstoichiometric phase at all temperatures.

3.

Point defects

A direct application of the simple statistical thermodynamic model accounts well for
the transport, thermodynamic and electronic properties of Daltonide compounds;
difficulties arise in applying the same formalism to compounds with a wide
stoichiometric range. In the point defect approximation, the creation of a point
defect--omission of an atom from a lattice site or insertion of an interstitial atom-affects only a single lattice site. Creation of the point defect polarizes the surrounding
crystal structure, resulting in some small displacements o~ adjacent atoms; the
relaxation effects attenuate rapidly with distance from the vacancy or interstitial atom.
However, the energetic cost of creating the defect is independent of the way that all
other lattice sites are occupied. Whether there is a surplus or a deficit in the number of
atoms per average unit cell of the nonstoichiometric crystal can be inferred from
experimental data, and simple point defect theory equates that deviation from ideality
directly with the concentration of point defects of a known kind.
In that approximation, the theory was at once applied by Wagner, in the 1930s, to
several chemical systems, but it was clear that some modification was necessary to allow
for interactions between defects at the high concentrations encountered in wide-range
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Berthollide compounds. Better approximations, introducing nearest neighbour interactions (Lacher 1937; Anderson 1946; Rees 1954) did, in fact, approximately reproduce
the thermodynamic properties of certain chemical systems. However, it is now evident
that any satisfactory theory must take account of what is known of defect structure.
There is ample evidence that significant deviations from stoichiometry involve localised
modifications of the short range order of crystals, and tha.t those perturbations can be
more profound than is implied in the concepts of 'vacancy' and 'interstitial'.
The formal concentration of defects in nonstoichiometric compounds is too high for
them to be treated as independent point defects. However, systems with statistically
randomized defects in very high concentrations are undoubtedly found experimentally.
As will be seen from a review of several important examples, order-disorder
transformations can generate a complete loss of all long range and medium range site
correlations, implying that the enthalpy of ordering is small. That enthalpy of ordering
arises from the interactions that determine site preference energies for the mutual
location of defects, and the point that is open to dispute is how far those site preference
energies still deterrrine the energetic cost and the distribution of defects in the
statistically random state. Is any local structure retained? One approach to this
question is through the experimental determination of short range order parameters.
The evidence is that the distribution of vacant sites or interstitials may differ little from
that expected for a completely random structure. The problem is to identify and
quantify the constraints that are imposed by the high degree of defectiveness, and to
frame a theory for the resulting structure, thermodynamics and transport properties.
Nevertheless, the development of the point defect model has provided a powerful
tool for treating many aspects of the physics and chemistry of solids. Point defect
vacancies remain as the inescapable primary entities, at least in thought experiments,
whether or not they persist as the dominant physical entities in defect structures.
Statistical thermodynamics interprets minute deviations from ideal stoichiometry as
due to displacements of the inner defect equilibria in any crystal, resulting in a sparse
distribution of some kind of structural perturbation. Such defect centres can
undoubtedly interact but, in the limiting case of very high dilution, they can be
identified with the concept of independent point defects. The experimental and
theoretical problem is to understand how that situation evolves fnto one with more
profound microstructural rearrangement, as the concentration of defects is increased.
Transport phenomena depend upon the annihilation and creation of defects: individual
atoms must jump from properly occupied sites (creating vacancies) to permissibly
occupied sites (cancelling a pre-existing vacancy). There is some measure of intrinsic
disorder in the most highly ordered structures.
All the processes involved in establishing the inner equilibria of a crystal, and its
equilibrium with its environment, can be represented a s a set of coupled, quasichemical
reactions, which can be handled by mass action law methods. The free energies (and
hence the equilibrium constants) for each process can be assigned if the corresponding
enthalpy and entropy of reaction can be extracted from experimental data or calculated
theoretically. This approach, developed by Kroger and the Philips Laboratory (Kroger
1976) has proved versatile and predictively useful.
All forms of intrinsic disorder could, in principle, be included in the treatment, but
without loss of generality we may consider a simple example: a crystal MX, of Schottky
type, in equilibrium with its components. The free nonmetal component is taken as the
diatomic gas X2 (as is the usual experimental case, in the high temperature equilibria of
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oxides, sulphides, etc.). Treatment of crystals' of Frenkel type, or more complex
composition would be exactly analogous (el Kroger 1976).
Making no assumptions about the nature of the binding forces (ionic or covalent),
the primary process in creating Sehottky vacancies can be represented as the
displacement of neutral atoms, leaving the original electron distribution unchanged.
The defect site is effectively electrostatically neutral. Removal of an ion from a lattice
site would be electrostatieally equivalent to placing there a charge of equal and opposite
sign; it could be regarded as a second step, the ionization of the defect.
Two distinct kinds of internal equilibria must then be considered.
(a) Point defect equilibria--the primary Schottky step that generates neutral
vacancies--symbolized in (1):

0 ~ V~ + V~

Ks = [ V~] [ V~].

(1)

The neutral defects can undergo ionization, which may be rcprcsented as putting
electrons into the conduction band or positive holes into the valence band at the
concentrations n and p respectively:

V~, ~- V~ + h +

K, = p. [ V'~]/[ V~,],

(2)

V~t ~--- V'x + e -

Kb = n. [ V'x-]/[V~-l.

(3)

If M and X have valence 2 or higher, then further stages of ionization of the defects
must be considered. For the present illustrativepurpose, attention is restrictedto the
uni-univalcnt case. (b) The second intrinsicequilibrium is that of the distribution of
electrons between valcncc band and conduction band states:
O~h+

+e -

Ki=p.n.

(4)

The magnitude of K~ is determined by the band gap energy, E~. By combining equations
(1) to (4), the intrinsic defect equilibrium can be redefined, in terms ofionised defects, as
in (la):
0 ~- V'u + V'x

K'~ = Ko" K b" K s / K i .

(la)

The most important factor determining these equilibrium constants, and hence the
defect concentrations, is the corresponding enthalpy of reaction. For equilibrium (la),
E s (or Er for Frenkel crystals) can be extracted from experimental data, or can be
calculated on certain assumptions about ioni~ity, polarization and relaxation. Some
representative values are listed in table 1. Creation of defects is highly endgthermic; for
most of the systems for which information is available, E s is around 2-4 eV per defect
pair, and it increases markedly with the tightness of binding of the crystal, e.g. in bibivalent ionic compounds and in covalent crystals. As a con'sequence, the intrinsic
defect concentrations for nearly all crystals are exceedingly small, even at high
temperatures. IrLtable 1, intrinsic defect concentrations are shown for the same relative
temperature, 0"8 x Tm (T= = melting temperature, ~ The uncertainties attached to
these figures are large, but it appears that, irrespective of composition and structure
type, the intrinsic defect concentration at 0.8 Tmis of the order 10- 5. This conclusion is
relevant for the present discussion.
Ei is the width of the band gap (figure 1), and Eo, E~ depend upon the location of the
corresponding defect levels within the band gap.
Equilibration of the crystal with its components, at the chemical potential set by the
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Table 1. Representative experimental or theoretical enthalpies for intrinsic point defect
equilibria; defect concentrations at 0-8 x melting point.

Substance
AgBr
CaF z
CdS
GeAs
NaCI
KCI
KBr
PbS
PbCI 2
Rbl
SrF 2
MgO
CaO

0-8 Tm (~
605
1456
1740
1300
922
895
872
1190
664
790
1500

H's or H~f
(eV)

Intrinsic
defect concn.

Disorder type

0-87-1.29
2.7-2.8
4.1
3"8
2-0-2.5
2-1-2-6
2.5-2.8
1-7-2-6
1-5
2'1
0.6-1.8
4-6
3-5

2'5 • 10 -3
2 x 10-3
3 x 10 - s
7.3 x l 0 -6
1.5-4-5 x 10- s
10-s-7-2 • 10 -~
5-10 x 1O- 6
3 ~ x 10- 5
6 x 10 -4
5 x 10- ~
1 x 10 -2
(10- s?)
(10- s?)

Frenkel cation
Frenkel anion
Frenkel cation
Schottky
Schottky
Schottky
Schonky
Schottky
Schottky
Schottky
Frenkel anion
Schottky
Schottky

C , B.

VX ~-

IEb
Ei

V.B
Figure 1. Energy levels of relative neutral and ionised defect levels in a uni-univalent
Schottky solid MX.

environment, involves reactions transferring atoms between the gas phase and sites in
the crystal, according to either (5a) or (5b):

M(O)~-MM+ V~c

KrM = [ V~x]IPM,

(5a)

1/2X2 ~-Xx + V~

Krx = [ V~t]lPx, 112

(5b)

These processes are necessarily equivalent, being linked through the equilibrium

M X (cryst) ~ M(O) + 1/2X2 (0)

(6)

and equation (1). It is convenient here to take the partial pressure of X2 as the
experimentally controlled variable (e.0. as in the work on oxide systems). Then
I V ] ] = Krx'P~12X2 under all conditions. A final constraint is that, for electroneutrality, there must be balance between all charged species; for the simple case under
discussion:

n + V~ = p + V~c.

(7)

This set of coupled equilibria can be evaluated by recognising regimes in which one or
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2. Defectequilibria in a uni-univalentSchottkytype crystal MX.

Table

Range I

Range IIa

Range IIb

Range III

. = [ vx]

. = p

[ v~] = [ vx]

p = [ v~]

n

(K,K;/Ko)'/2R -'/2 K~ 12

(KIK;'/2/K~)R - I

(K,/K~/2)R -'/2

p

[V~t]
[Vx]

(KIKJK',)t/2R 1/2 K~/2
(K,,K',/KI)I/2R
(K,,/K~/2)R
(KIK'~/K.)I/2R -'/2 (KI/2K'~/K.)R -'

(K./K'~I/')R
K' 1/2
K ; 1/2

KI/2RII 2
K~/2RI/2
(K;/K~/2)R -'12

[V,~]

R

R

R

R

[Vx]

(K,K',/K.Kb)R-'

(K~K',/K~,K~,)R-'

(K,K',/KoKb)R -1

(K,K',/K,K~)R-'

Variation of defectconcentrationwith non-metalfugacity:function R = Pax/~9KTX.
other species, on either side of (7), so preponderates as to dominate the situation. The
possibilities are:
I

n = [Vx],

IIa

n = p

if Ki > K ~ ,

IIb

[ V~] = [ Vx]

if K, < K~,

III

[ V~] = p.

In each regime, the concentrations of all defect species can then be found to a good
enough approximation. Their magnitudes, and in particular how they depend upon the
partial pressure of X 2, are shown in table 2; figures 2 and 3 plot log (defect
concentration) against the chemical potential of X (i.e. 89R T In Px2)The deviation from stoichiometry is given by (8):
6 = Z [ V~,] - Z [ Vx].

(8)

How that stoichiometric defect varies with the chemical potential of the components is
schematically shown in figure 4, for the two cases of figures 2 and 3.
Within the scope of its physical validity, this quasichemical treatment offers a
powerful and suggestive way of handling defect equilibria. It brings out the greater
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III

I

2. Variationof defect concentrationswith R (= 89

log PX~). Case K', > K~.
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III

. . . . . /__ /-K-i

I

3. Variation of defect concentrations with R (= 89

I

II

III

~.I

II . ~
.

$-

.

log Px~). Case Ki > K~.

MXl+x
.

.

MXl.000
MX!-x

I

1/2 tog px2
t

Ks> Ki

1/2 t09 px 2 ~
i

Ks< Ki

Figure 4. Deviation from stoichiometry as dependent upon Px2complexity of systems involving atoms of higher valence, and is valuable in showing
how the internal and external equilibria are affected and displaced by impurities or
atoms of a third component, as in the equilibria of heteroionic solid solutions. It gives
predictive insight into the way that other defect-dependent properties, e.g. diffusion
and ionic conductivity, are influenced by stoichiometry and chemical potentials.
Several aspects of the quasichemical model are particularly relevant to the present
discussion. The first relates to the relative and absolute magnitudes of the intrinsic
equilibrium constants K~ and K~ or K~. In crystals built from ions w i t h [s2p6]
configuration, E~ is usually large. In compounds of the transition metals, the
corresponding excitation process, of lowest energy, is from a non-bonding d" band,
lying in the band gap; E~ is considerably lower. In covalent crystals, the relevant factors
are highly dependent on the details of the covalent bonding. Defect creation energies do
not appear to vary very widely from one class of compound to another, although the
published data show many discrepancies, but do depend significantly on the crystal
structure type. For example, the low energetic cost of creating defects in the anion
sublattice of all fluorite structures plays an important part in the chemistry of
nonstoichiometry.
These correlations are familiar, but serve to emphasise the importance of the band
structure of crystalline compounds. In particular, for the case that K~ (or K~) > K~, the
stoichiometry necessarily remains practically constant and ideal over a range (often a
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wide range) of chemical potential. The limits of this central range may conveniently, if
arbitrarily, be taken as defined by the conditions
lim I/II
lim II/III

n = [ V~] = 89[ Vx] ,
p = [ Vx] = 89[ V)a],

and it can easily be shown that the stoichiometric defect alters only from - 1/x/f2t$0 to
+ 1/x/~t~o (where 6o is the intrinsic concentration of defects in the stoichiometric
crystal, -- K~ 1/2 across that range; the partial pressure of X2 must thereby increase by a
factor of (K's/Ki) 2. In every case for which quantitative information is available, 6o is
very small. It follows that the variability of composition predicted by the point defect
model is likely, for typical ionic compounds, to be so small as to be measurable only by
techniques that determine the concentrations of current carriers.
No reference has been made to interactions between defects. In so far as these can be
represented as it~troducing equilibria between free defects and associated species, they
can be incorporated in the quasichemical formulation. Coulomb attraction between the
basic, charged point defects should result in strong association to form uncharged
defect pairs:

V~+ V ~ ( V M V x)

K v ~ = K * - [ V ~ , ] [ V x ] = K * - K ~.

The concentration of such associated pairs is therefore independent of the chemical
potentials, and can be comparable with, or greater than, the concentration of free point
defects. Similarly, like defects can pair up: V~+ VM~ ( VM)~, stabilized by some
delocalisation of the electron wavefunction. The importance of these defect association
reactions can be seen from Kr6ger's thorough analysis of equilibria in the classical
exemplar--crystals of the potassium halides.
In a formal and conceptual way, the quasichemical treatment of dilute defect systems
is analogous to the theory of electrolytes in solution. For realistic defect concentrations,
generalised electrostatic interactions cannot be ignored; the 'ionic atmosphere' effects
can be allowed for in a formal sense by a Debye-Hiickel treatment, and defect activities
should be considered in place of defect concentrations. Such an extension of the point
defect approach does not adequately reproduce the thermodynamic and structural
characteristics of nonstoichiometric compounds or heteroionic solid solutions.
4.

Extended defects

Table 1 indicates the degree of intrinsic disorder that can be expected in typical polar
crystals, when reasonable values are assigned to the controlling parameters. When
account is taken of the way that defect concentrations depend upon the relevant
chemical potentials (table 2), it can be predicted that there can be only very small
changes in chemical composition across the whole accessible range of experimental
conditions, even though those composition changes are profoundly important for the
semiconductor and other electronic properties of the crystals. In contrast with that
conclusion, table 3 lists the apparent or net defect concentrations in a few highly
nonstoichiometric compounds; as will be seen, the actual number of 'vacancies' and
'interstitials' in these structures is considerably greater than would appear from the
apparent defect concentration.
As far as its experimental basis is concerned, the concept of a point defect is largely
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Table 3. Apparent net defect concentrations in typical nonstoiehiometriccom-

pounds and heteroionicsolid solutions (cf.table 1).
TiCx
TiOx
FcI _ x O

.

9-CeO2 -x

UO2+x

13-50~ c sites vacant
0--30~o Ti sites, 30~o--0~. O sites vacant across compositionrange
TiO0.7-TiOI.3 (above 1000~
5-15~0 Fe sites vacant (above 600~
0-14 ~ O sites vacant (above 600~
0-25 ~ interstitialO atoms

dominated by inferences drawn from highly dilute defects in the most highly ionic
crystals: colour centres in alkali halides, alkaline earth oxides, CaF 2, etc. For these, a
variety of spectroscopic methods (see Fowler 1975) has shown that isolated defects have
the expected site symmetry, and that associated defect pairs have the geometry and
orientation predicted from point defect arguments. It does not follow that this concept
is equally applicable at defect concentrations for which interaction effects become
significant, or for crystals in which covalency or collective electron properties are
important. For some crystals, the energy of creation of defects can be calculated
satisfactorily by the Mott-Littleton and related methods that assume that relaxation
about a defect has the site symmetry of the lattice point concerned. In
nonstoichiometric crystals where the initial defects interact with the matrix structure, to
produce new configurations, it is evident that the relaxation process is highly specific.
This review will first discuss the superlattice ordering of vacant sites or interstitial
atoms, as a result of the interactions between them. In the state of lowest energy, sites
that are wrongly tenanted, as compared with the parent structure, are then no longer
defects, but have become essential elements of the ordering pattern. The more profound
interactions between notional point defects and matrix structures create extended
defects, which may be either elements of a superlattice or independent defect clusters.
These topics will be related, as far as is currently possible, to developments in the
theoretical treatment and modelling of nonstoichiometric systems.
5.

N o n s t o i c h i o m e t r y and superlattice ordering. The layer chaicogenides

Chalcogenides of the 3d transition metals (other than Mn) present a series of
compounds that exhibit both very wide stoichiometric ranges and closely spaced
successions of phases, all based on a common structural pattern. In the intermediate
compounds, defects are eliminated by long range superstructure ordering, which creates
defined structures with compositions intermediate between two structural extremes.
They have narrow band gaps or are quasimetallic in character, and the common
structural pattern is set by two topologically related structure types: MX2 with the CdI 2
structure and M X , with the NiAs structure. Both of these are layer structures, based on
hexagonal close packing ofchalcogen atoms; the chalcogen sublattice appears to persist
without significant defects (i.e. with only some small statistical point defect concentration) in all the structures. In the MX2 extreme, metal atoms occupy the octahedral
interstices between chalcogen atoms in alternate hexagonal layers, so that the stacking
down the unique axis i s . . . X M X X M X X M X
. . . . The resulting sandwich layers are
bound essentially by van der Waals forces, and between them are empty sites of
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octahedral coordination. At the other extreme, all these sites are filled, giving the layer
sequence... XMXMXMXMX
. . . . Nonstoichiometric behaviour comes from the
incomplete occupation of this second set of octahedral sites, a common pattern being
the alternation of complete and incomplete sheets of metal atoms. If the fraction of
empty sites in the incomplete layers is x, the whole family would be represented by the
general formula M 2 _ xX 2 (0 ~< x ~< 1.0). Not all the chalcogenide systems cover the full
composition range; Cr2S 3(Cro. 67S) is the upper limit in the Cr-S system, whereas in the
more metallic tellurides the limiting MTe2 may be approached, e.g. in NiTe~_x.
In the superstructure phases, the occupied and empty octahedral sites adopt a twodimensional order in the hexagonal array of potential sites. The full range of possibilities for such structures is (figure 5, scheme A): The potential complexities of such
systems are considerable, with superstructure ordering and possible order-disorder
transformations at two distinct levels. Such transformations are found experimentally,
and most if not all these chalcogenides have a significant, or even an extremely wide
range of composition at high temperatures. For many of the systems, the experimental
evidence is conflicting; equilibrium and full superstructure ordering are not easily
achieved.
O f the systems that have a very wide stoichiometric range, nickel telluride Ni 2 _ ~Te 2
exists from NiTe 2 to Ni 1.84Te. For x > ca 0.4, the diffraction properties are those of the
CdI2-type end member with interstitial nickel: i.e., completely filled and defective layers
alternate; for x < ca 0-4, the structure is defective NiAs type, with vacant sites assumed
to be present in all metal layers (Coffin et al 1974). This holds for material annealed at
low temperatures, but no evidence has been found for any ordering in the partially filled
layers. Long range order is completely lost at elevated temperatures; the order-disorder
transition is diffuse, and the critical temperature (1080~ for Nil.54Te2, about 750~
for Nil.67Te2) is steeply dependent upon the concentration of empty sites in the
incomplete layers. In this example, the interactions that produce ordered stacking are
clearly stronger than those required to impose two-dimensional order in the layers.
Two-dimensional superstructure ordering in these compounds was first found by
Bertaut (1956), for the pyrrhotite phase Fe7S 8 ('4C pyrrhotite') of the Fe-S systems.
MI_xX (X = S, Se, Te)
I

I-I Partial site ~
-in all layers J

"'1
[ Certain layers filled' ~
layers partially filled

I

I

I Superlattice
ordering

I Random distribution of filled
and empty cation sites

I

I

Ordered stacking of layers ]
along unique c axis
1

I

Random stacking of layers
along unique c axis
__1
I

I Superlattice ordering within
partly filled layers
Figure

5. SchemeA.

IRandom site distribution within [
partly filled layers
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This ordered structure is defined by the strict alternation of filled and defective metal
layers:... SFel.oSFeo.TsSFeroSFeo.75S . . . . with empty octahedral positions in the
incomplete metal layers arranged as in figure 6(a). FeTSa (4C pyrrhotite) is the irondeficient end member of a series of ordered structures Fel _rS,; Fe~.oS (2C pyrrhotite)
the other extreme9 In each case the symbol nC denotes the number of layers of iron
atoms in the repeating stacking sequence. In Fe9Slo (5C) and Fel ~S~2 (6C), the irondeficient layers (D layers) appear to have the same occupancy (one quarter of sites
empty) and long range order as in FeTSa, with a higher proportion of filled layers
(F layers) to D layers. A proposed stacking sequence for Fet~S12 (Kato et al 1975) is:
9 FFDFDFFFDFDF...
FDFFFDFDFFFDF
. . . . The sequence underlined is an
element from the stacking sequence of the 4C superlattice; the implication is that the
structure could be regarded as an intergrowth of domains ofFeTS s structure with filled
layers, but with out-of-step or antiphase breaks in the stacking. It is evident, however,
that the interactions that produce long range ordering are weak; the energy of ordering
is small. The careful study of equilibria in the Fe-S system by Nakazawa and Morimoto
(1971) shows that disordering sets in at around 100~ and that the ultimate product for
all compositions is, IC pyrrhotite with statistically distributed vacant sites in every iron
layer. For compositions Fez.0S to Feo.95S, this complete disordering took place
directly; for all compositions between Fe0.95S and Feo.a75S, the behaviour was more
complex. The superlattice multiplicity became irrational i.e. the superlattice was not
commensurate with the basic subcell--and changed continuously, with rising temperature. Thus, at the composition of the 6C Fe~ 1S~2, the superlattice multiplicity for the c
axis (stacking axis) decreased continuously from 4.5 at 116~ to 3 at 200~ prior to
complete disordering at and above 210 ~C. Kato and Kitamura (1981) and Nakazawa et
al (1979) find a common basis for ordered structures at particular stoichiometries, and
for irrational superlattice multiplicities, in the imposition of a regular, but not
necessarily commensurate modulation of the probability of site occupancy. The effect
of this is to distribute the vacant sites in a spiral fashion, with a variable pitch9
Incommensurability of superlattice structures has been recognized in an increasing
number of systems, but understanding of the phenomenon, in nonmetallic structures at
least, is limited. Vacancy-vacancy interactions undoubtedly control both the ordering
pattern within every D layer and the way that D layers can be stacked so that the
configurational energy is minimized. The incommensurate modulation in some way
reflects the operation of these interactions as ordering is impaired at two distinct levels:
with rise of temperature, F layers increasingly become D layers, and long range (but not
necessarily short range) order is lost in the D layers.
The chromium and titanium chalcogenides are comparably complex. In the system
Crl_rX (X--S, Se, Te), the valence properties of chromium restrict the range of
compounds formed (0 ~< r ~<0"33) and the equilibrium state at low temperatures
consists of a set of superstructure phases with only narrow ranges of stoichiometry, as
shown in table 4. In all of these there is a strict alternation of filled and defective
p h a s e s . . . F D F D F . . . . with good long range order in a succession of twodimensional superlattice structures of the D type layers (figures 6b-e). CrTS8 is the only
structure in which the empty sites appear to be randomized. There must undoubtedly
be some order-disorder transitions at higher temperatures, but the phase equilibria
have not been thoroughly investigated. It is not known whether the structural
modulations and incommensurable superstructures found for Fe~_rS constitute a
general pattern of progressive disordering in these structures.
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Table 4. Ordered phases and stacking sequences in the Cr-S system.
Nominal composition
CrS*
CrTSs
CrsS6
Cr3S4
Cr2S 3
CrsSs

Observed composition

Layer sequence

Cro.9~S
Cro.s~S-Cro.saS
Cro.ssS
Cro.76S-Cro.79S
Cr0.69S (trigonal)
- Cro.62sS

9 . SCr~.oSCrl.oS . . .
.. SCri.oSCro.TsS . . .
9 . SCrl.oSCro.67S...
.. SCrl.oSCro.sS, ..
9 . SCrt.oSCro,33S . . .
.. SCr~.oSCro.2sS . . .

Cro.sTsS
Cro.s33S
Cr0.75S
Cr0.667S
Cro.62sS

9 Monoclinic distortion of the type structure, with distorted octahedral
coordination.
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Figure
6.
Ordered superstructure arrangements of vacant sites in cation layers of NiAs-type
chalcogenides. Fraction of oocupied sites: (a) 1, (b) 3/4, (c) 2/3, (d) 1/2, (e) 1/3, (f) 1/4.

O r d e r i n g in the T i - S system is m u c h less perfect, b o t h w i t h i n t h e layers a n d in t h e
s t a c k i n g o f layers. D i f f e r e n t w o r k e r s h a v e r e p o r t e d c o n f l i c t i n g results, p o s s i b l y b e c a u s e
o f difficulty in e s t a b l i s h i n g t r u e e q u i l i b r i u m a n d l o n g r a n g e o r d e r . All the p h a s e s
i n t e r m e d i a t e b e t w e e n T i S a n d T i S 2 h a v e a significant s t o i c h i o m e t r i c r a n g e (table 5) a n d
the r e p o r t e d crystal s t r u c t u r e s i n d i c a t e t h a t a n i r r a t i o n a l f r a c t i o n o f the sites m a y be
o c c u p i e d in t h e D layers; s u p e r l a t t i c e o r d e r i n g is clearly i n c o m p l e t e .
Table 5. Superstructure ordering and s~cking sequences in the Ti-S system.

Nominal composition

Reported range

Stacking
sequence

TiS 2
TisS s
Ti2S 3
"Ti2.4sS4"
Ti3S,t

Tio.sS
Tio.62sS
Ti0.667S
Tio.6t S
Tio.75S

Tio.szS-Tio.~sS
Tio.66S-Tio.67S
Tio.67S-Tio.73S
?
Tio.77-Tio.TsS

h
cchh
ch
ch
chhchch

Ti4S 5

Tio.8S

TisS9
TiS

Tio.89S
Til.oS

-Tioao S
or Tio.s4S
Tio.saS-Tio.ssS
Tio.94S-Ti 1.03S

chchh
?
chh
h

Layer sequence
9 . . STiI.0STiI.0S...
9 .. STit.oSTio.2STil.oSTio.2S . . .
. . . STil.oSTio.4S...
.. STiI.0STio.65S . . .
.. STil.0STio.s STio.95STio.7STio.7
STio.95STio.~ . . .
.. STio.gSTio.gSTio.6STil.oSTio.6S . . .
. . . STiI.0STio.6sSTio.875S...
. . . STio.83STiI.0STio.a3S . . .
. . . STil.oSTil.0S...
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Tilley (1973) showed, by electron microscopy, that materials in the composition
range TiSI.25 to TiSI.5 frequently contained faults of stacking, in the form of the
insertion of layers of the wrong kind and composition into the stacking sequence. Such
faults can be regarded as accidental nonequilibrium faults. They were rarer in TisSs,
which is better defined stoichiometrically. There is undoubtedly a range in which the
composition is genuinely variable and all long range superstructure order is lost, but the
extent of this nonstoichiometric phase is not fully agreed. Although there is no welldefined superstructure, there is evidence for the retention of a high degree of short
range order. In diffraction experiments, information about this short range order is
latent in the diffuse scattering between the Bragg reflections from the basic hexagonal
sub-cell. Moret et al (1977) systematically examined the diffuse streaking and the
diffuse, incommensurate satellite maxima, for compositions between TiSl.s and TiS~.7 a
and found that the observed intensity distribution, and the way it changed with
composition, could be reproduced by invoking a model with only two modes of short
range ordering, in which interaction between titanium atoms prohibited the occupation
of nearest neighbour sites but permitted the occupation of second neighbour or third
neighbour sites. In a distribution governed by those rules, microdomains can be
identified, with two kinds of local order and extending over a few unit cells of the
substructure (figure 7), microdomains A, dominated by third neighbour interactions,
have 1/4 of the sites occupied, giving the local composition TiS~.25- They can intergrow
randomly, and in any proportion, with type B microdomains in which 1/3 of the sites
are filled, with the local composition Til.33S2. The way sites are occupied in different
domains is uncorrelated, so that long range order is completely lost; the boundaries
between domains are inherently indeterminate in composition and in their short range
order, and will be the location of dynamical exchange of atoms and fluctuations of
domain size. A computer simulation of the diffuse scattering, based on the model, was
in good accord with the observed diffraction data. A recent theoretical approach to the
question of superlattice ordering as a result of pair repulsion effects, considered later,
would suggest that atom pairs or vacancy pairs more remote than third neighbours
would need consideration for a reliable model of such a system. The model does,
however, provide a rational concept of a statistically disordered layer in the hexagonal
chalcogenides.

I

)

Figure 7. Microdomain model for semirandomly occupiedlayersin TiS1.3o(after Moret et
al 1977).TypeA microdomains unhatched, type B

microdomains hatched.
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Nonstochiometry and superlattice ordering in rocksalt structures
The nature o f doped alkali halides

The simplest possible kind of controlled imperfection is to be found in highly ionic
crystals doped with altervalent ions: divalent cations such as Ca 2 § Cd 2 § Mn 2 § in
alkali halides. Substitution of M 2§ for A § (A = alkali metal atom) must be
compensated by creating a cation vacancy. The resulting pair o f point defects, M~ and
V~, can associate through the Coulomb attraction of their effective charges, to neutral
dipolar defect pairs (M AVA)x. Associated defects of this kind have been extensively
studied by relaxation methods and spectroscopic methods, which have confirmed that
defect pairs occupy adjacent sites, with the axis of the dipole along ( 110 ), as expected;
there is also evidence for further association or polymerization o f the dipole units.
The concentration of M 2 § cations that can be doped into alkali halides--i.e, the
solubility o f M X 2 in A X - - i s steeply dependent on the temperature. When the ionic
radii of the cations are closely similar, as in LiF/MgF 2 the solubility at the eutectic
temperature may be high, but below about 0.8 T,, it rapidly decreases. For Mn 2 § and
Cd 2 § in NaC1, Chapman andLilley (1973) find:
CdCI 2 in NaCI

650~

MnCI 2 in NaCI

2 • 10 -2 m o l ~

450~

5 x 10 -2

3 x 10 -s m o l ~ ,
2 x l0 -5 m o l ~ .

Cation diffusion in these doped crystals in facile, and is assisted by the possible rotation
of the dipoles; aggregation can occur, so that the dopant can be precipitated from
solution, to maintain equilibrium, at quite low temperatures. The kinetics of this
process have been interpreted in terms of the formation of dimers and trimers of the
defect pairs (Cappeletti and De Benedetti 1968; Strutt and Lilley 1972). Stable
equilibrium would involve the deposition o f the dihalide M X 2 but under any but the
slowest cooling rates, the species deposited are metastable phases, which were
characterized by Suzuki (1961) as a family M X 2 "6 A X , in which the vacant cation sites
and divalent cations are arranged in a 2 x 2 x 2 superstructure o f the alkali halide
parent structure. Sheets of the structure shown in figure 8 alternate with sheets of
unchanged rocksalt structure in a f.c.c, arrangement, so that vacant sites and
compensating ions occupy second neighbour, not nearest neighbour, sites of the cation
sublattice; like defect species occupy fourth neighbour positions.
The reason for easier formation of the metastable Suzuki phase is undoubtedly that it
is topologically compatible with the rocksalt structure matrix, with only small
dimensional misfit or displacements o f atoms. It can therefore be formed by a minimal

m

A

[3

Figure 8. Structureof Suzuki phases: layersof types A and B stacked alternately.
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reorganisation of clusters or other units that may pre-exist in the matrix, whereas the
structures of the MX2 compounds are not related to the matrix structure and cannot
intergrow coherently. Their deposition would require a nucleation step. The nature of
defect clusters in the solid solutions therefore needs further consideration. Brown and
Hoodless (1967) argued that the energy of association of a vacancy-impuritydipole pair
must depend upon the effective radii of the host and dopant cations. If the dopant is the
smaller ion, the distortions and strain energy would be minimized by having the
vacancy in the second neighbour site. More recently, Corish and Quigley (1982) have
carried out computer simulations by the HADESmethods, to calculate the energies of
association of different types of cluster. They confirm that the species formed depend
upon the relative sizes of host and dopant ions. With smaller dopants, second
neighbour dipoles are energetically favoured and there is a small, progressive gain in
energy per defect pair as aggregation proceeds, up to a tetramer that would constitute
one octant of the Suzuki structure. With larger dopant ions, the next neighbour dipole
is more stable, with a considerable gain in energy from forming dimers and trimers
which would be ordered in the ( 111 ) plane of the matrix structure. These results
confirm the role of dimers and trimers that had been postulated to interpret the
transport properties and aggregation kinetics; relevant in the present context is the
evidence that they give for some measure of short range structure and order, of a kind
that prefigures the formation of superlattice structures. It may be noted that theSuzuki
phases are isostructural with MnMg608; it is highly likely that analogous, precursor
clusters exist in doped and defective oxide systems.
6.2

Highly nonstoichiometric carbides and nitrides

A further stage in the progression from the point defect concept to that of well-defined
short range order is found in the most grossly nonstoichiometric of all compounds: the
carbides and nitrides of the transition metals (the so-called H/igg or interstitial phases)
and the structurally analogous TiO and VO. All are based on close packing of metal
atoms, with the nonmetal atoms in octahedral interstices: compounds nominally MX,
with the B1, rocksalt structure, and M2X with hexagonal close packing. They are
metallic, with partially filled d band states, so that any interactions due to localised
electronic states are minimal, and they are high temperature structures, in that all
diffusion-mediated processes are controlled by the large activation energy for nonmetal diffusions4.5 eV per atom in the VC system.
In all these compounds, the available non-metal sites are very incompletely filled and
for none of the carbides is the stoichiometric composition attainable; only TaCo.995
approaches the limit. In materials quenched from high temperatures, where the only
translational symmetry is that of the B1 structure, the phase ranges are very broad; for
'TIC' from TiCo.5o to TiCo.87, for'VC', VCo.73 to VCo.88. Carbides of the lanthanide
and actinide elements do reach and exceed the ideal M : C ratio, but not by a simple
point defect mechanism. Whilst there is some evidence that carbon can occupy
tetrahedral, interstitial sites (i.e. simple Frenkel disorder), the excess of carbon is mainly
accommodated by substituting a Cz group (in effect, a Cz2 - ion, as in the wellcharacterised dicarbides such as LaCz or CaC2) on a normal carbon site. In effect, a
tetrahedral interstitial carbon atom reacts with an adjacent properly sited carbon atom
to form a C2 unit.
At high temperatures, vacant carbon sites in the rocksalt carbides are statistically
,-,
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randomized; at lower temperatures, long range ordering of vacant sites can take place.
In the VCx phase, this leads to two superstructures, V6Cs and VTC8 which undergo first
order order-disorder transformations at 1184~ and 1110~ respectively. These
superstructure phases themselves have significant composition ranges, and materials
intermediate in composition between them show two transformations in DT^ experiments (Emmons and Willams 1983). This suggests that they have a high degree of short
range order, with microdomains in which the vacant sites are ordered according to
either the V6C 5 pattern or the VsC~ pattern. The energy gained by ordering is small,
however; for both transitions the latent heat of disordering is about 350 cal per mole of
VCx; a simple application of the Bragg-Williams approximation, assuming complete
randomization, would predict an enthalpy of ordering around 435 cal/mole VCx.
It is by no means likely, however, that short range order is completely lost when long
range order disappears at the order-disorder transition. Both the V6C 5 and the VsC 7
superstructures are formed by the ordering of vacant sites on to third neighbour
positions of the carbon sublattice. This has been attributed essentially to mutual
repulsion between vacant sites, due to the elastic strain energy which results from
relaxation and atomic displacements. The binding energy within the octahedral shell
M6C surrounding a carbon atom is greater than that of a vacant octahedron M6V;
around the empty site, the metal atoms are displaced outwards by about 0.1 A. The
same effects must operate in the random structures, both at high temperatures (where
dynamic place-exchange processes compete with short range site preference) and in
materials (e.g. with x < 0"78) which undergo no superstructure ordering. Some direct
evidence for the persistence of short range order comes from 51V NMR studies of the
Knight shift, (Froidevaux and Rossier 1967) which measured the relative numbers of V
atoms with 0, 1, 2, 3 adjacent carbon sites vacant in the first shell. The statistics were
closer to the pattern of site occupancy in the superstructures than to a random
distribution. Similarly, the short range order coefficients an for the first, second and
third neighbour sites of a vacancy, determined from diffuse neutron scattering, showed
the avoidance of first or second neighbour sites (~'1, ~2 '< 0) and a preference of
vacancies for third neighbour positions (~3 > 0).
Superstructure ordering occurs, but less readily, in the other carbides; Nb6C5 has
been characterized and there is evidence from neutron and electron diffraction for
incomplete long range order for several compositions in the ZrCx systems. The
existence of short-range order is however well attested. In all these systems the orderdisorder transition temperature is low, relative to the melting point, and the diffusion
processes needed to attain order may be too slow for the growth of ordered domains
larger than 100-200 A in size. What remains unknown is the real distribution of vacant
sites in the high temperature, disordered equilibrium state: the scale on which the short
range ordering forces still impose control over the spacing and spatial disposition of
vacancies (For a review see de Novion and Maurice 1977).
One theoretical approach to superstructure ordering is the hypothesis that the
pattern of ordering is determined by pair-wise interactions between the species
concerned--in the cases just considered, vacancy-vacancy interactions. In principle, the
occurrence and the structure of superlattices should be predictable in terms of an Ising
model. The underlying assumptions are that the interaction potentials can be correctly
formulated and that the pairwise interaction energy will then depend only upon the
distance between the two vacancies (or atoms). As a general and much studied problem
this is intractable, but Kanamori and others (Kanamori and Kakehashi 1977;
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Kanamori 1979) have developed a procedure for searching for the configuration of
lowest energy, without calculating the energy of ordering, for any ratio of the
components. It has been applied to superstructures based upon the f.c.c, structure. An
important question in all discussions of short range ordering is the effective range of
interactions; Kanamori's essentially empirical arguments show that it is necessary to
take account of interactions out to at least fifth neighbour sites.
In a crystal that contains the atom fraction x of the minority species, the nth
neighbour shell provides Pn/xN vacancy pairs per vacancy, when Pn is the total number
of nth neighbour vacancy-vacancy pairs in a crystal with N sites. The energy of the
system is defined by E = E Vn" Pn, where V, is the interaction potential for nth
neighbours. Without specifying the V~ directly, appeal can be made to experimental
facts to establish their sign and relative magnitude, and to predict other superstructure
phases. Thus, in the VC1 _~ system, it can be inferred from the actual occurrence of
vacancies in third neighbour positions that V1, V2, and V4 are positive (i.e. repulsive),
V3 is negative (attractive). The corresponding numbers of vacancy pairs per vacancy
(PJxN) in the first five shells can be symbolised S(0,0,3,0,0; 1/8), where the fraction 1/8
of lattice sites is to be occupied by vacancies. The Ising model treatment shows that this
configuration would be degenerate in energy with respect to a two-phase mixture of
stoichiometric VC~.oo and another (unknown) superstructure V7C6 with the configuration S(0,0,3,0,3; 1/7) unless the significant range of interactions is extended to the fifth
neighbour shell. The existence of VsC 7 shows that the relevant potential V 5 must be
positive and decisive. If the concentration of vacancies is increased above 1/8, vacancies
must necessarily be created in fourth or fifth neighbour positions. The maximum
concentration that can avoid creating vacancies in the strongly repulsive first and
second neighbour positions is 1/6. It can then be shown that for x = 1/6 there is a
configuration of low energy, symbolised as S(0,0,4,1,2; 1/6), for which there are two
geometrical solutions. Both of these superstructures have been observed.
6.3

Nonstoichiometric Bl-type sulphides

As was discussed earlier, the transition metals from Group V onwards form
chalcogenides based upon the NiAs-CdI 2 relationship, with ordered stacking of filled
and partially filled hexagonal cation sheets. The d t and d 2 transition metals form
monosulphides with the basic rocksalt structure, which also exhibit nonstoichiometry
due to cation deficiency. Those structures can also be regarded as alternating hexagonal
layers of metal atoms and chalcogen atoms, in cubic stacking along the [-111] axis of the
B1 structure, but they show different characteristics in their propensities for the
ordering of defects. Their stoichiometric variability is wide, but the experimental
evidence for all systems is very incomplete and somewhat discordant; structural
evidence is available only for a few arbitrary compositions within the reported
stoichiometric ranges of the Sc 1_xS and Zrl _xS systems.
Zirconium monosulphide (or Zr3S4) probably exists over a composition range from
about Zro.635 to near stoichiometry (Hahn et al 1957). Conard and Franzen (1969)
determined a structure for Zro.775, which may be close to the actual limiting
composition, and found that superlattice ordering did not conform to a simple pattern
in the distribution of cation vacancies. The monoclinic superstructure cell provides 32
sites for 23 cations, but only one two-fold position is fully occupied; all the other sets of
equivalent positions show different degrees of partial occupancy. In any one hexagonal
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sheet of cation sites (i.e. a (111) sheet of the cubic subcell), site occupancy along every
row is modulated. This may be compared with the inferences drawn from revision of
the structure oflow-TiO, cited below, and leaves unsolved the actual spatial disposition
and pair-wise interactions of the sites that are vacant.
For the Sc-S system, rather more information is available. The expected Sc 3§
compound, Sc2S3, is itself a 2 x x/2 x 3 x/2 superstructure of cation vacancies in a
rocksalt matrix structure, with vacant cation sites in second neighbour positions
arranged in spirals along the b axis (Dismukes and White 1964). Whether this structure
disorders at high temperatures is not known. It is not stoichiometrically variable, but
loses sulphur at high temperatures to form a second, stoichiometrically variable phase,
also derived from the rocksalt type structure, which probably has a wide range of
composition. It vaporises congruently above 1700~ at a composition around Sc0.8oS,
which is fully disordered at high temperatures. When such material is annealed at 700~
however, vacant sites are ordered into alternate (11 l)cubiesheets of cation sites, but not
regularly disposed within those cation sheets. This superstructure ordering would
conform to behaviour commonly observed in vacancy structures, but recent electron
diffraction work (Franzen et al 1983) has revealed another effect. Below about 300~ a
second mode of superlattice ordering sets in, which was diagnosed as a secondary
ordering of the vacant sites within the defective cation layers, but the resulting
superlattice is incommensurate. The vacancies become ordered approximately into
every third (l-10)rhombohcdra I plane, but not exactly so; the spacing of the superlattice
reflection is 0.346 x d*(]-10), not 0"333d*(]-10). This implies that (denoting filled 110
planes as F, defective layers as D) the regular layer sequence... F F D F F D F F D F . . . is
occasionally broken by the sequence... F D F . . . . The anomalies misplace about one
D-type plane in 13, but are not completely regular.
Incommensurate superlattices of this kind have been found in an increasing number
of instances, and particularly in compounds with metallic properties. Sc I _ ~S is of this
kind; the metal atoms in Sco.8oS can be assigned the configuration 3d~ resulting in
conductivity by itinerant electrons in the unfilled, narrow 3d band. In these
circumstances, the incommensurable periodicity could well arise from charge density
waves: a static periodic modulation of the electron density coupled with a lattice
distortion. The positions of minimum energy, in terms of the collective electron
wavefunction, and the potential minima due to the regular periodicity of the S2 - anion
lattice no longer coincide. The scandium ions are therefore displaced from the ideal
lattice sites, optimising the energy of the system by creating occasional displacements of
lattice rows (for a discussion of charge density waves in analogous NiAs-type 3d 1
chalcogenides see Van Bruggen et al 1979). If this origin of the irrational superlattice is
correct, it is likely that the incommensurability and the transition temperature will be
found to depend upon the composition within the Sc t -xS range.
6.4 Titanium and vanadium monoxides
Titanium and vanadium monoxides are important for any theories of nonstoichiometry, because of the extreme defectiveness of their nominal rocksalt structures. It
was first found by Ehrlich (1939), and fully confirmed by all later work (Banus and Reed
1969) that a large fraction of the sites in both the metal sublattice and the oxygen
sublattice is vacant (figures 9 a,b): even in the stoichiometric compounds, about 15 ~o of
sites in each sublattice is unoccupied. Although the statistics of site occupancy for both
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compounds are very similar, the very different way in which the lattice parameter a 0
depends upon the composition indicates that TiO and VO must accommodate that
high formal concentration of vacancies in different ways. The implication is that the
defects have some structural organization; if this is the case at lower temperatures, it is
improbable that all organized structure is lost under any conditions.
For both systems, the equilibrium diagrams suggest some structural complications,
with a transition between high temperature and low temperature forms. High TiO
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appears to have the (averaged) B1 structure, but is stable over a composition range from
TiOo.6s to TiOt.25 at 1500~ The metal-excess phase limit is markedly shifted at
around I100~ and below 1000~ low TiO is formed, with a rather narrow
composition range. According to Gilles and Wahlbeck (1967), this low TiO coexists
with oxygen-rich high TiO, over a restricted range of temperature and composition, but
considerable uncertainty remains about the structure of the low temperature oxide
between TiOl.o and TiOt.2 (Watanabe et al 1969; Hilti 1968). Low TiO is monoclinic,
with a superstructure based on the B1 subcell found in high TiO; diffuse scattering in
the diffraction pattern of the disordered high TiO affords evidence for some short range
order in the distribution of vacant sites.
According to Watanabe et al (1967) the structure of low TiO has vacancies of both
kinds arranged on every third (110) plane of the underlying cubic subcell, giving the
stoichiometry Ti5/605/6; there is some small distortion of the subcell (figure I0). A
refinement of this structure (Terauchi et a11978) makes it probable that complete long
range order may not be attained, at least for annealing temperatures close to the phase
transition; this could possibly be a premonitory phenomenon. There is a significant,
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statistically averaged concentration of vacancies (5 %) in the (110) cubic planes that
Watanabe et al regarded as filled. In the partially occupied (110) cubic planes, sites are
not completely filled or completely empty, but the fractional occupancy of every site
shows a regular wave-like modulation. The general pattern of the superstructure
ordering, however, is confirmed.
A second superlattice has been identified at the oxygen-rich limit, TiO1.2s, and
assigned the tetragonal structure shown in (figure 10b) from electron diffraction data.
On the assumption (based on the overall site statistics) that the oxygen sublattice is
practically fully occupied, one fifth of the titanium sites is vacant in every fifth {310}
plane. As with low-TiO, it is likely that a more refined structure determination would
modify this model for the superlattice, without changing its essentials. The (210)cub'
planes of both superstructures are identical in structure, and the distortions imposed on
the underlying f.c.c, array are small. It should therefore be possible for regions with the
two superstructures and local compositions to intergrow coherently. Watanabe et al
(1969) found evidence that well-annealed materials, intermediate in composition
between TiO 1.ooand TiOi.25, indeed consist of exceedingly finely intergrown lamellae
of the two superlattices; the lamellae may be as little as 20 A thick. The distribution of
vacant Ti sites in such a lamella is shown in figure 10c; it would clearly be possible to
postulate more complex modes of superstructure ordering, intermediate between these
extremes.
In both superstructures, ordering can be ascribed to pair interactions between vacant
sites. Elastic forces arise through small shifts of atomic positions around a vacancy;
vacant sites interact with the collective electron system of the crystal. Below about
1000~ the interaction energy is large enough to establish the supertattice; the problem
of interest is to determine how far the main features of that ordering pattern are
retained in the high TiO structure and evidenced by the diffuse scattering.
Both superstructures have a short e axis (css = acub.), which creates strings of vacant
sites in second neighbour positions of the titanium (or the oxygen) sublattice--i.e, in
alternate (001)cubic sheets. Within any one (001)cubic sheet, both superstructures
preferentially locate vacancies in third neighbour positions, so disposed as to result in
either the Ti5/605/6 structure (fourth neighbours vacancies in any one (001)~b sheet) or
the Ti4/50 structure (fifth neighbours). A unit diffusion jump of 1/2acub ( 110 ) would
transfer a vacancy from a position belonging to one superstructure to that appropriate
to the other. Alternatively described, the oxygen sublattice sites are surrounded by two
kinds of polyhedra: complete octahedra of titanium atoms [OTi6] or incomplete
octahedra of the type trans-[OTi4V2]. Similarly, in the low TiO superstructure there
are [TiO6] and [TiO4V2] coordination polyhedra. Correlated unit shifts of atoms can
(a) interchange the positions of complete and incomplete octahedra within any layer or
(b) change the orientation of (e.g.) [OTi4V2] octahedra, thus rotating the local
symmetry axes. Uncorrelated atom movements would replace [OTi6] and [-OTi4V2]
octahedra by [OTisV] octahedra in any orientation. With increasing randomness, the
clustering of vacancies to form polyhedra with three or more empty vertices may occur.
Terauchi and Cohen (1978, 1979) have mapped and analysed the diffuse x-ray
scattering from high-TiO~. 0 at 1050~ in order to determine the short range order
parameters, and have used the experimentally determined order parameters in
computer simulation experiments to examine the kind of local structures that they
might imply. The outcome is rather inconclusive. The simulation experiments did
throw up very small regions that resemble fragments of the superstructure, in larger

886

J S Anderson

numbers than were found in simulations of random vacancy distributions, but the
differences were small.
In TiO, all structure elements occupy sites of the underlying f.c.c, lattice: the
superstructure comes from the long range order of vacant sites, and in the
nonstoichiometric disordered phase at least some vestigial local, short range organization of recent sites is retained. In VO- and also in the monoxides of Mn, Co and Fe,
which are all significantly nonstoichiometric rocksalt structures, there is a more drastic
perturbation o f the parent structure: vacant sites and compensating charges are
mutually stabilised by locally modifying the parent structure, forming defect clusters as
distinct structure elements.
The VO superstructure is formed only at the oxygen-rich end of the composition
range, and unit cell formulae have been assigned for slightly different compositions:
V52064 (VOi.23) (Andersson and Gj6nnes 1970) V2440320 (VO1.31) (Bell and Lewis
1971) and the most complete determination, V51.6064 (VO1.24 ~ but the analytical
composition of the sample was VOi.3o) (Morinaga and Cohen 1979a). At that
composition, the oxygen sublattice is essentially filled. Diffraction evidence unambiguously shows that some vanadium atoms occupy tetrahedral sites. Hence the total
concentration of vacant octahedral sites is the sum of the stoichiometric deficit plus
vacancies created by shifting metal atoms from octahedral to tetrahedral "interstitial'
positions: Moct --* MI, tetra + (V)oct"
Each tetrahedral cation has four vacant octahedral sites as nearest neighbours,
forming the structured cluster or complex shown in figure lla. This cluster is
topologically and dimensionally interchangeable with one octant of the parent
B1 structure, and in the superlattice four such units are regularly arranged to define a
2 x/~ x 2 x/~ x 2 superstructure (figure 1 lb). In the ideal V52064 , all lattice sites, other
than those of the defect clusters are occupied as in the parent BI structure, but in the
vanadium deficient VO1. 3, some of the octahedral positions appear to be partially
occupied. It will be noted that, at least in the V52064 superlattice, all the vacant
octahedral sites are in the clusters: there are no free vacancies, whether ordered or
disordered.

"7

(a)

(b)

Figure 11. (a) The 4: 1complexof 1 tetrahedralcationand 4 vacantoctahedralsites,as one
octant of the rock salt sub-cell. (b) Ordering of 4: 1 defect clusters in rocksalt-typematrix
structure, in VO~.3o-Tetrahedralcations at levelsZ = 1/8,3/8, 5/8, 7/8 of superstructurecell.
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The question then is how this highly organized superlattice is related to the
disordered, broad range VO x phase formed at high temperatures, in which there are
fewer vanadium vacancies and high concentrations of vacant oxygen sites. Morinaga
and Cohen (1979b) have analysed the diffuse x-ray scattering from three preparations in
the nonstoichiometric range: VOo.89 , VOI,17 and VO~.2s, annealed at 1323~ and
quenched but hopefully representative of short range order in the VOx phase. Short
range order parameters derived directly from the diffraction data can be used to form a
model that fits the observed probability of finding a vacant site or tetrahedral atom with
a particular nth neighbour environment. It was concluded that tetrahedral vanadium
atoms are present, at all compositions, in much the same environment as the cluster of
figure l la, though in variable amounts and randomly distributed. A constraint on
model building is that the energy can be minimized, as compared with that of a
completely random distribution of vacant sites, by ensuring that there is local charge
balance.
As compared with a completely random structure of the composition VOw, every
empty metal site is associated with a virtual (fractional) negative charge; every occupied
metal site with a virtual positive charge. Each kind of site will have an energetic
preference for first neighbours of the opposite kind. If the B1 structure is regarded as a
stack of(111)cubiclayers, each layer will be a hexagonal array of sites of the one kind (e.g.
metal sites), arranged i n . . A B C A . . . stacking. Next neighbour site preference (local
electroneutrality) influences how adjacent sites in consecutive layers should best be
occupied; within any one layer, second neighbour and higher interactions determine
which hexagonal subsets of sites are preferentially filled, and which have an averaged
occupancy. Morinaga and Cohen concluded, on that basis, that the resultant structure
should be modulated, with alternating vacancy-rich and vacancy-poor {Ill}cubic
planes. The periodicity would approximate to twice that of the B1 parent structure, in
accordance with the strong diffuse x-ray scattering. As the composition changed from
the oxygen-rich end (where the structure is essentially that of disordered superlattice) to
the oxygen-poor end of the phase range, the proportion of virtually filled metal layers
would increase, and the modulated partial filling would increasingly affect the oxygen
layers. In the metal atom layers, the optimum highest concentration of vacant sites
would be for one site in three to be empty; if this were fully ordered, it would be the same
as a cation layer from the V203 corundum structure; if disordered, it could form
microdomains of that structure. There is, then, a sense in which the modulation of the
disordered VO structure generates elements of V203 structure at one extreme, and of
V20 structure at the other.
6.4

Finite extended defects: defect clusters

What are ordered in the superstructure of the VO1.30 phase are not simple defects, but
clusters with a characteristic structure, formed by local rearrangement of the matrix
structure. It is clusters of this kind that produce nonstoichiometry in the monoxides of
the elements that follow vanadium in the first transition series; clusters also dominate
the defect chemistry of both substoichiometric and hyperstoichiometric compounds
derived from the fluorite type, and it is likely that they play a role in other structural
types also.
They prompt a number of questions about how a host structure is locally perturbed
to form a defect cluster and how far chemically specific effects determine the form and
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stefir arrangement of the cluster; about the theoretical justification for regarding the
dusters as the significant building blocks of detect structures; and about the role that
specific kinds of defect dusters play in crystals that have a widely variable range of
stoichiometry. There are several possibilities. The same kind of cluster might be present,
right across that range but in variable concentrations; alternatively, the recognized
cluster may represent a pattern of local ordering, which can grow and extend to larger
or polymeric units as the nominal concentration of interstitial or vacancies is increased.
If clusters of the same kind persist in varying concentration, they should be subject to
superlattice ordering within a matrix of parent structure. Underlying those problems is
the basic question whether, and if so under what conditions, a point defect regime at
very small deviations from ideal stoichiometry passes over to an extended defect cluster
regime at some higher stoichiometric deficit. On that question, there appears to be very
little information extant.
Defect clusters, by definition, are formed by purely local changes in the way lattice
sites are occupied; they are necessarily compatible, topologically, with the parent
structure. In principle, the requisite local rearrangement to form a defect cluster could
be brought about around any lattice site in a crystal, thereby generating a random
distribution of defect clusters. They are permutable over all lattice sites and thus
contribute to the configurational entropy, but their strict spatial configuration
represents some decrease in the entropy of the crystal. It is tempting to regard defect
clusters as 'plug in' modules, that might be mixed in with the perfect parent structure in
any proportions. This simplistic interpretation of crystals with wide composition
ranges may, however, need very critical appraisal.
Much of our thinking about structured defect clusters comes from the study of two
classically nonstoichiometric systems; wustite, Fel _ xO and uranium dioxide, UO2 +x.
Recognition that structured clusters at least partially replaced point defects in Fel _ ~O
come from Roth's (1960) neutron diffraction study, which showed that a very
significant fraction of iron atoms must be assigned to interstitial sites, with tetrahedral
coordination. Formation of iron-deficient wustite must therefore involve not only the
process (10)
(FeO) + 89 2 "-* 2Feoct
3++ 0 2- + Voct

(10)

but also a second step, in which a cation moves from an octahedral site to an interstitial
position:
Feoct + Vint ~ Fetetr+ Voct.

(11)

The net reaction would be:
2+
1
2Feoct
+ ~O2
-~ Fe3~+ Fe~r + 2Voct + 0 2 -

(12)

The tetrahedral iron atom (presumably Fe 3+, from ligand field considerations), with
a pair of adjacent, empty octahedral sites, would resemble a small element of the spine/
structure of F%O 4.
Wustite has a restricted range of existence and is unstable below 560~ but its
disproportionation into FeaO4 + Fe is slow. Nearly all work on Fe~ _~O has been
carried out on quenched material, on the assumption that the high temperature
structure could be frozen in and retained. That assumption is not necessarily correct.
Several workers, particularly Manenc (for a review see Bauer and PianeUi 1980), have
found that satellite reflections appear in the diffraction pattern when the quenched
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material is annealed at 200-500~ within its unstable existence range. These satellites
indicate some incommensurate ordering process. A homogeneous, probably spinodal
decomposition ensues, for compositions with x < 0-09:
Fet _xO ~ Fet _x_yO + Fel _x+yO

(13)

which builds up a lamellar structure, in which the iron-rich lamellae approach
increasingly closely to the ideal composition, as is shown by the progressive change in
cell dimensions.
Perfect superstructure order is never reached in a macroscopic crystal: the outcome
has a microdomain texture. Koch and Cohen (1969) sought to determine the defect
structure from single crystal x-ray diffractometry on Fe0.9o20 and concluded that the
defect clusters are more complex than the 4: 1 cluster that was discussed as an element
of the VO~.3o structure. To account for the observed intensities, particularly of the
nearest neighbour and second neighbour diffraction vectors b~tween pairs of vacant
sites, and between tetrahedral cations and vacant octahedral sites, they postulated a
13:4 cluster (figure 12), with tetrahedral cations in four octants ofa f.c.c, cell, in which
the central and the 12 surrounding octahedral cation sites were all vacant. The anion
lattice thereby remains unchanged. This defect cluster retained the cubic symmetry of
the parent structure, but in fact, that symmetry is not readily reconciled with the
superlattice periodicity 5/2 ao found by Manenc for F e o . 9 1 o O , o r with the symmetry
shown by the electron microscope lattice images (at about 4A resolution) (Iijima 1974).
Cubic symmetry in diffraction patterns could, however, be the consequence of
degeneracy in microdomains oriented with equal probability in relation to all ( 100 )
cubic axes.
What is important is to relate the defect structures deduced from quenched
specimens, at room temperature, to the actual structures under equilibrium conditions.
This difficult and general experimental problem has been tackled for very few
nonstoichiometric systems; reference has already been made to the somewhat
inconclusive high temperature studies of TiO and VO. For several experimental
reasons, neutron diffraction may be a more suitable technique than x-ray diffraction for
work of this kind. Still awaiting full exploitation are the possibilities presented by high
voltage (1 MeV) electron microscopy, for electron diffraction and imaging techniques,
using controlled atmosphere high temperature stages. In the case of Fe~ _~O, short
range order parameters have been determined by analysing the diffuse x-ray scattering
from a high temperature specimen (Hayakawa et al 1974) but more direct evidence
comes from using Bragg neutron diffraction to determine the relative concentrations of
empty octahedral sites ([ V0]) and tetrahedral iron atoms ([TI]) from the structure
factors of appropriate reflections. This has been done by Cheetham et al (1971) and
Gavarri (1978), for wustite held under equilibrium conditions. The ratio Vo/TI depends
upon the particular model postulated for the defect cluster and is more directly
informative than the short range order parameters.
Several crystallographically reasonable defect clusters would have rather similar
ratios Vo/TI, and the experimental results (figure 13) do not really discriminate
between the possibilities; nor do they establish whether the same clusters are present at
all compositions and over the whole temperature range. Cheetham's results would not
be inconsistent with the 13:4 Koch-Cohen complex and with some dissociation into
4:1 clusters, but Gavarri's later work points to clusters with Vo/Tt ", 2.5 under all
conditions.
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(d)

(u)

(b)

Figure 12. Aggregation of 4:1 clusters to larger defect complexes. (a) 6 : 2 cluster, (b) 8:3
cluster, (e) 13:4 (Koch-Cohen) cluster, (d) 16 : 5 cluster.
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Such experimental ambiguities lend extra importance to theoretical treatments of the
stability of various cluster models, such as have been carried out by Catlow and his
associates (see Catlow 1982), using the rIAOES and PLUTO computational techniques
developed specifically for defect studies. Calculations for Fe I _ xO (Catlow and-Fender
1975; Catlow et a11977) clearly establish that clusters of the kind considered above are
formed with a net gain in energy: transfer of Fe 3§ cations from octahedral to
tetrahedral sites, further aggregation o f vacancies and enlargement o f the cluster
according to the rules of near neighbour and second neighbour site preferences are all
exothermic processes. The relative stability of different clusters should be measured by
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the gain in energy per net defect, where the net defect, [ = (total number of vacant sites)
-(number of tetrahedrat atoms)], corresponds to the notional primary process of
equation (10).
The basic unit would be the 4:1 cluster (figure 1 la) which has a substantially higher
binding energy than the simple dipole associate { (V~ct)(Feigtr)} or Roth's original
proposal, { (V~ct)2 (Fe~etr)}'. Larger clusters can build up through the linking of the
basic 4: 1 units, as in figures 12a ['6 : 2], 12b ['8 : 3-] and the Koch-Cohen 13 : 4 cluster
figure 12c. The net process for forming any cluster { (Voct)m(Fetetr)n} from the perfect
FeO structure could be written:
2(m - n)Fe 2o~+ ~ - - ~

02, --'

3+ + { (Voct)m(Fetetr)h
02- .
(2m 3n)Feo~t
3 + } -(2m- 3n).+.-(m2n)
_

(14)

The clusters thus bear a net anionic charge; they incorporate only a minority of the
Fe 3 + cations and must be surrounded by an ionic atmosphere of compensating Fe 3 §
cations in octahedral sites of the matrix structure surrounding each cluster. These
compensating ions are significant for the electronic and atomic transport properties,
and for the possible ordering of the clusters.
Table 6 compares the binding energy per net defect for some duster models. These
are not the only possibilities; computational problems restrict the calculation of
binding energies to the more symmetrical configurations. It is noticeable that the KochCohen 13:4 cluster does not emerge as the most favourable model. In general, the
greatest energy gain would appear to come through progressive corner sharing between
4:1 units; larger clusters, such as the 16:5 cluster (figure 12d) could well be important.
This cluster is a genuine element from the spinel structure of Fe304 and could be
invoked as a participant or precursor in the disproportionation of wustite. Starting
from the perfect B1 structure (as is operationally possible in e.#. the Mn~ _~O system),
oxidation through the stoichiometric range could well involve the successive stages
(scheme B):

I Dipolar associates [

Isolated vacancies and
positive holes

.~- 6:2, 8:3, 13:4 and ]
more complex clusters

4:1 clusters I

']

4

~-"-"---~-~--~ ] Nucleation of spinel M~O4
Scheme

B.

There should be a transition, at some low level of nonstoichiometry, from a point
defect regime to a regime dominated by clusters. Only the latter is observable for
Fe~ _ xO, but for M n~ _ xO Catlow has calculated the relative concentrations of different
defect species on the assumption that there is a quasichemical mass action equilibrium
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Table 6.

Binding energies of defect clusters (eV per net defect).

Associated cluster type

Mnt _xO system Fel _~O system

Aggregate of I vacancy+ 1 M 3+ cation
Aggregate of I vacancy+2 M 3+ cations
4:1 cluster (M 3+ interstitial)
6 : 2 cluster
8 : 3 cluster
13:4 duster
16 : 5 cluster

0-53
0-71
1"77
2~6
(1"84)*
(0-06)*
(1.94)*

ff63
0-90
1"98
2"42
2"52
2.10
2'38

* M 2+ cation in interstitial position; After Catlow et al (1977).

Table 7. Relative concentration of defect species in Mnt -xO as function of deviation from
ideal stoichiometry.
Deviation from
stoichiometric
composition
10 -s
10 -4
10 -3
10 -2
10-1

Isolated
vacancies
(~)
100
95
58
8.3
1

Singly ionised
vacancies
(~)
0
5
22
4-7
1

4:1
clusters
(%)
0
0
19.5
77
76

Larlb'n"
clusters
(%)
0
0
0-5
10
22

After Catlow et al (1977).

between them. The results are shown in table 7. Cluster binding energies are higher for
the Fe 1_ xO system than for the other transition metal oxide systems, so that free point
defects and small clusters must be even less significant than in Mn 1_xO.
What matters for the display of stoichiometric variability is the total free energy of
formation of clusters from the perfect parent structure. The large, positive enthalpy of
creating the total number of vacant sites and interstitials is partially offset by the
exothermic binding energy of the clusters. The critically significant, positive configurational entropy of a random distribution of clusters is reduced by the decrease of
entropy involved in local ordering within each cluster. Only the enthalpy of clustering is
treated in the stability calculations.
It is evident that these considerations do not fully resolve the problem of the
constitution of wustite at high temperatures. This has been' critically reexamined by
Bauer et al (1980), in a careful study of the incommensurate satellite peaks in the
diffraction patterns. As Koch and Cohen showed, every Bragg reflection in the
reciprocal lattice is at the centre of an array of satellites that, themselves, form a cubic
lattice of side 26a (where 6 is an irrational fraction); the satellites thus correspond to a
translational periodicity of 1/6 x ao in real space; for each Bragg reflection with the
index triplet (h) there are satellites (h + n6). For the purpose of their Patterson synthesis,
Koch and Cohen made the approximation 6 = 1/3; although all workers agree that 6 is
both irrational and variable. From measurements on quenched samples, Bauer et al
(1980) showed that 6 is a linear function of the stoichiometric defect and, moreover, is
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slightly dependent upon the temperature at which a given composition was equilibrated
before quenching. Electron microscope lattice images, taken using the satellite
reflections, represent the Fourier transform of the quasi-periodic structure that
generates those satellites; they do not give direct information about atomic positions in
real space, but can be taken as correctly representing the relative positions and actual
spacing of the entities (i.e. the defect clusters) that are responsible for the irrational
quasi-periodicity. The important inference drawn from such micrographs was that
there is no evidence for microdomains with rational, but different periodicities; rather,
and in every sample, there was a similar and uniform distribution, which was not,
however, absolutely regular along the ( 1 0 0 ) and ( 1 1 0 ) directions. On all the
evidence, Bauer et al consider that the concept of some single, stable species of cluster,
dispersed through the B1 matrix structure, has to be abandoned. In its place they
consider a function defining the local probability of finding Fe 3 § cations in tetrahedral
sites, together with octahedral vacancies and consequential displacements of adjacent
atoms, as governed by the site preference energies or pair interactions. The irrational
superstructure results from an incommensurable modulation of this probability
function; the periodicity of the modulation, and the magnitude of the ratio Vo/T ~ that
characterises the local order at each point, are then averages over the whole crystal.
Some constraints can be set. It can be shown that, if there were uniform defect clusters
of the type m: n, the most compact superlattice for Fel -~O would have a composition
given by
x = 3a(m - n)/4.
Thus, for the Koch-Cohen cluster (6 m 0-333), x = 0-083 (Feo.9tTO). For specimens
quenched from 900~ the observed range of 6 was from 0-370 (for Fe0.9160 ) to 0"392
(for Feo.s920 ). The corresponding range of ( m - n) is from 6.63 to 7.17. If the mort
range order can be represented as the coexistence of several kinds of cluster mi:ni, each
occurring with the probability pi, the requirement is that
6.163 < ~..pi(mi-ni) < 7-17.
i

To fit this constraint, there must indeed be a variation in the details of the local ordering
pattern, from point to point within the crystal, in which clusters of different size could
be picked out. It is evident that clusters comparable with the 8 : 3 and 13:4 models are
likely to be significant structure units, and the model leaves scope for the dynamical
situation that must obtain in a high temperature system with a high diffusion rate for
the cations. The life of any one cluster will be finite, resulting in a distribution of cluster
sizes and geometries. What is left vague, as is the case for some other examples currently
considered to be modulated structures, is the origin of the incommensurate modulation
of the whole assembly.

7.

Nonstoichiometric fluorite derivatives

Closely following Roth's finding, that defects in the rocksalt structure of Fe 1_xO are
not simple point defects, it became clear that extended, cluster defects replaced point
defects in another of the principal type structures. This followed from the structures
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found for the anion-excess fluorite compounds, U,O9 and the nonstoichiometric
UO2.12 (Willis 1963, 1964).
Of all the basic type structures, the fluorite structure is the most flexible, for it
generates a remarkably varied range of derivative structures, both stoichiometrically
variable and fully ordered, in which the anion~cation ratio may be either > 2(AB 2+x)
or < 2 (A t +rB2)- At an early stage, it was shown by Zintl that in every case studied, the
disorder and variable site occupancy was confined to the anion sublattice; although
various workers, from time to time, have invoked cation vacancies and disorder in the
cation sublattice, such assumptions are not justified. It is a safe hypothesis that the
cation sublattice remains sensibly perfect, while the anion sublattice can tolerate a
remarkably wide range of anion deficiency or anion excess. This is true both for oxides
MO 2 and halides MX 2, formed by metals with variable valence and for heteroinic solid
solutions such as CaF2-YF3.
This stoichiometric flexibility can be correlated with some inherent characteristics of
the fluorite structure. The anion sublattice is mobile, as shown by unipolar anionic
conductivity and high self-diffusion rates, even though the activation energies for anion
transport processes are not abnormally low. All fluorite structures appear to undergo a
transition to a superionic conducting state; the transition is spread over a temperature
range, some way below the melting point. By contrast, the cation sublattice has a low
mobility; cation diffusion is slow and, in heteroionic crystals, the ordering or
disordering of cation distributions can take place only at high relative temperatures.
Some important experimental consequences flow from these properties. In homoionic
structures, defect interactions can efficiently bring about any superlattice ordering that
affects only the anion sublattice; the location of charge compensating electronic defects
(altervalent cations) can follow the pattern of local structure by a process of electron
transfer (polaron migration). In heteroionic systems, sample preparation is likely to
result in a fortuitous and random distribution of cations, which may be frozen in by the
immobility of the cation sublattice. Charged defects in the anion sublattice (whether
point defects or extended defects) can migrate to and are anchored at the randomly
sited altervalent cations. The resulting configuration may well be metastable with
respect to some superstructure ground state, but that ground state cannot be reached
unless the cations can diffuse and adopt the requisite long range order.
In a formal, point defect sense, all fluorite structures exhibit anion Frenkel disorder.
There are strong vacancy-vacancy pair interactions in substoichiometric fluorites, as is
evident from the almost invariable pairing of vacant sites into third neighbour positions
at the diagonally opposite corners of a cubic coordination group, which can be
symbolized [MX6V2]. The six adjacent cubic coordination groups that share edges
with this central unit thereby become [MX7V ] groups. The outcome is the cluster unit
shown in figure 14a, with the composition MTXI 2; the central cation is then in distorted
octahedral coordination.
This unit, can intergrow freely with the parent fluorite structure, and from such
intergrowths are derived several modes of superstructure ordering (Rossell and Scott
1977). Linear strings of the clusters, along ( 111 ) of the parent fluorite structure form
the structural motif in the MnO2~_2 intermediate oxides of praseodymium; the only
motif in Pr7012 and, intergrown with increasing proportions of pure fluorite structure,
in Pr9Ol6 and the higher oxides. These are low temperature structures, formed through
the high mobility of vacant sites in the anion lattice and the facile (electron transfer)
ordering of + 3 and + 4 cations needed to maintain local electroneutrality. In
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Figure 14. Defect clusters in anion-excess fluorite structures. (a)vacancy pair cluster
(b) 2 : 2 : 2 cluster (e) 3 : 4: 2 cluster (d) 4 : 4: 4 cluster as proposed by Laval and Frit (1983).

heteroatomic systems, the smaller cation usually occupies the octahedral site, but the
degree of cation ordering depends upon the relative site preference energies, varying
from complete order in UY6012 to complete randomness in Zr3Sc4012. In so far as
superlattice ordering depends upon simultaneous ordering of the cations, it is a slow
process, conditioned by cation mobility.
Superlattice ordering in other systems can generate zig-zag chains (pyrochlore
structures), helical chains (in Ca6Hf19044 ) or larger clusters (in CaHf4Og). Cation
ordering is good in the anion deficient systems based upon ZrO 2 and HfO 2 and this is
important not only in its technological implications, but also because it sheds light on
the defect structure. At high temperatures, all the superstructure phases disorder to a
defect fluorite phase MO 2 -x, which exists over a wide range of composition, as distinct
from the narrow existence ranges of the ordered phases. For the praseodymium and
cerium oxides, this disordering takes place at a fairly low temperature (ca 600~ the
resulting ~t-phaseextends from MO~.71 to MO 2 . The first supposition might be that the
vacancy-pair clusters were randomly dispersed in the defect fluorite phase, but several
considerations make that view questionable. The heteroatomic anion-deficient fluorites
disorder at much higher temperatures and, for those that have complete cation
ordering, the disordering is slow; cation diffusion is rate-controlling. In all these defect
fluorite solids, there is a very high formal concentration of anion vacancies, (up to 15 %
or more of anion sites) and because anion diffusion in fluorites is a vacancy migration

896

J S Anderson

process, the diffusion rate and unipolar ionic conductivity are increased by several
orders of magnitude as a result of the extrinsic vacancies in solid solutions, such as
(M, M')O2_x. As is familiar, this is the basis for the use of CaO- or Y203-doped
zirconia as a solid state, oxygen ion electrolyte. The enhanced mobility does not,
however, follow the expectation of a simple vacancy model; if vacancy concentrations
alone determined the ionic carrier concentration, the conductivity of MO 2 _ x should be
proportional to x ( 1 - x ) . This is not the case, as shown by extensive work on the
technically important CaO-ZrO 2 and Y2Oa-ZrO2 systems, and by the work of Nowick
et al (1979) on Y203-CeO2. For the latter, the conductivity rises linearly with
concentration up to about 8 mole ~/oY203, but falls by four orders of magnitude with
further increase to about 20 mole ~. It is clear that there are strong interactions. For the
partially ordered superlattice phase ZraEr4012, the ionic conductivity is low: the empty
fluorite anion positions are not mobile point defects. At 1500~ when this phase
undergoes complete disordering, to (Zr, Er)Oi.714, the ionic conductivity increases by
several orders of magnitude, and this enhanced conductivity is shown at temperatures
below 1500 ~ if the fluorite material is retained in the disordered metastable state by
cooling.
That there are strong local ordering effects is also evident from the strong diffuse
x-ray, neutron and electron scattering, which has been studied by a number of workers.
The nature of that short range order is not clear. Rossell has suggested that there are
two main alternatives. One is that the distribution of vacant sites is fairly homogeneous
throughout the structure, on a short range or medium range scale, but that short range
order imposes strong constraints on place exchange processes. Alternatively, the
medium range structure may be quite inhomogeneous, with microdomains of the fully
ordered superstructures. He has cited evidence for the latter in the Ca-Zr and Ca-Hf
oxides, with microdomains of the superstructure phase that can be identified in the
systems, a few tens of Angstroms in dimensions. At not too high temperatures, such
domains can grow to the extent of nucleation of a new phase, and it is not certain
whether the microdomain situation is really a stable state of these systems.
Catlow and Parker (1982) have formulated a theoretical treatment of systems of this
kind, which takes account of several significant features of the real systems. As
discussed earlier, in connection with Fe 1 _~O, the concept of discrete, localised and
immutable defect clusters is unrealistic in heavily defective systems. In the heteroionic
fluorites, the immobility of the cation sublattice is a key factor. Consider a crystal
containing N anion sites, with a concentration x of dopant cations. Every anion site is
surrounded, in its first neighbour shell, by four cations, of which i (0 ~< i ~< 4) are
dopant cations; the reasoning could be extended to larger cation shells. For a random
distribution of cations, or for any specified distribution, it is possible to calculate n~, the
number of anion sites with i dopant cation neighbours: the binding energy e~ of
vacancies in a site of type i can be calculated by the HADESdefect simulation programme.
An important step is that the distribution of vacancies between the different types of site
should conform to a Fermi-Dirac equilibrium; the fraction of the sites n i occupied by
vacancies, xl is given by
x, = [1 + exp { (e, - e o ) / k T } ] -1
where eo is a Fermi energy, defined through the condition
~ ' x i n i = m" g " x,

Nonstoichiometric compounds

897

where m is the number of extrinsic vacancies introduced by each dopant cation (e.g.
m = 1/2 for y3+ in ZrO2). This distribution describes the overall structure and defines
the thermodynamics of the system. By using the same computer simulation techniques
to calculate the activation energy for a vacancy jump, the dependence of transport
properties (ionic conductivity) upon x can be predicted. The results do show the
observed maximum in conductivity, but do not reproduce the properties at higher
dopant concentration unless the interaction potentials are adjusted to allow for
differences in the sizes of host and dopant cations.
This is essentially a semi-empirical model; its success, in common with all the HAOES
and pLua-O simulations, is critically dependent upon the interatomic potentials used.
It has been employed, with some success, to treat the thermodynamics of the
UO2-CeO2_ x system (Catlow and Tasker 1981) and to model the structure of the
ZrO2-CaO system (Butler 1983) which was simulated (a) for the nebulous cluster model
and (b) as a microdomain system, with elements of the fluorite-derived structure. It
emerged that the two models were almost equal in energy; a microdomain structure was
slightly more stable, by 0-09 eV per dopant ion. The conclusion, of interest when
compared with Rossell's experimental findings, is that both microdomains of defined
structure and the quasi-random defects must coexist, the latter being more important at
low dopant concentrations and higher temperatures.
The 'natural' interstitial site in the fluorite structure is the 898989position; it was
accordingly assumed by Zintl and by later workers that interstitial anions would enter
that site. The limit of anion-excess nonstoichiometry would thereby be set at the
composition M409 per unit cell, MX2.25, with every interstitial site filled. There is
considerable experimental evidence that the assumption is valid for sufficiently small
concentrations of interstitials. Electron spin resonance and other spectroscopic
experiments on CaF2 doped with lanthanide fluorides--e.g, on single crystals of
LaxCa~ _ f 2 +~ with x < 0.01--show that the interstitial fluorine has the Site symmetry
appropriate to the 898989position; furthermore, no interstitial atoms have been detected
at any other positions.
In crystals with a high, formal concentration of interstitials, the situation is
completely different, as emerged from neutron diffraction studies by Willis (1963, 1964)
of the structures of U+O9 and nonstoichiometric UO2 +~. In UO2.12 (at 800~ and in
inner equilibrium) there were no interstitials in the 898989site. There were vacant anion
sites as well as interstitial oxygen atoms, so that the total number of interstitials was
greater than the net stoichiometric defect, and the interstitial atoms had two distinct
crystallographic environments. In the favoured, but not completely unambiguous
model for the resulting defect cluster, one pair of interstitials (O') is displaced along
( 110 ) on either side of the 898989position, and a second pair (O") of atoms is displaced
along ( 111 ) from the two anion sites at 89890 and 89891 creating a pair of vacancies. The
cluster of two interstitials of each of two kinds with two vacancies (figure 14b) is termed
a 2 : 2 : 2 cluster; it is probably not a unique cluster configuration and there may be more
extended defects with different ratios of (vacancies): [O'] : [O"]. The experimentally
determined partial occupancies of the O' and O" sites do not exactly accord with the
2: 2: 2 model--UO t.aTO~08•177
as compared with the expected
UOl.ssOb.~20~.12. The same defect cluster, subject to the same comment, was found
for U409, but now in every unit cell of the basic fluorite structure; the experimental site
populations were UOi.740~29•177
However, the ordered U409 structure is
still not completely known. The true unit cell is a 4 x 4 x 4 superstructure of the fluorite
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subcell which has not so far been successfully solved. Until that is done, the complete
geometry of the clusters remains somewhat uncertain, through lack of evidence about
the way that statistically partially occupied O' and O" sites are related on a scale beyond
that of a single subcell. This point is relevant to recent debate about the nature of defect
clusters in anion excess fluorites. The introduction of a significant stoichiometric excess
of anions undoubtedly imposes a substantial measure of local rearrangement, in which
atoms are displaced by around 1 A from the fluorite cell positions.
Neutron diffraction studies of the CaF2-YF 3 system by Cheetham et al (1970, 1971)
showed that exactly analogous defect clusters were formed in hetcroionic systems. In
these, the association between the interstitial defect clusters and the randomly sited,
immobile compensating cations inhibits any superstructure ordering. For 10 % YF3,
the observed site occupancies accorded fairly well with the expectation for the 2: 2: 2
cluster (Yo.lCao.9Fl.ssF~.14F~.os), but there is evidence for the formations of larger
dusters, such as the 3 : 4: 2 cluster (figure 14c) as the excess of anions is increased (as e.g.
in Yo.25Cao.75F2.25). The accessible composition range of these heteroionic MF2+ x
structures is very wide, far exceeding the formal net insertion of one interstitial atom per
unit cell. Gettman and Greis (1978) found that the pseudofluorite structure extended to
Yo.37sCao.62sF2.375 at 1000~ some ordering of the cations undoubtedly sets in at
800-1000~ for the limit of the pseudofluorite phase at 800~ is Yo.2ssCao.715F2.2s 5.
This still exceeds the expected limitation to x ~< 0.25. In the process of cation ordering,
three discrete superstructure phases were found: (Y, Ca)Fz.3a 3, (Y, Ca)F2.357 and
(Y, Ca)F2.425, all based upon a fluorite-type subcell. The multiplicities of their
superstructures lead to the assignment of the formulae CaloYsF35, Ca9YsF33 and (not
perfectly ordered) CaT+yF6_yF3~_y respectively, which fit an interpretation as
successive members of a homologous series MnF2n+5, with n = 15, 14, 13.
Directly relevant to these observations on the heteroionic system is the work of Greis
(1977) on the YbFz-YbF3 system, in which charge transfer between Yb 2 + and Yb 3 +
cations permit complete ordering both of defects and compensating charges. In that
system, the cubic YbF 2 +x phase extends to YbF2.~ 9, and the fluorite-based structural
pattern persists to YbF2.41, with four superstructure phases: Yb3F7, Yb~4F33,

(a)

(b)

Figure 15. The Greis-lkvan cluster in anion-excess fluorites. (a) group of six edge sharing
coordination cubes, projected down [111]. (b) Conversion of cubes to cubic antiprisms by
rotation of inner square face.
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Yb27F64 and Yb13Fa2-r These conform to the homologous series referred to above,
Yb27F64 being a 1 : 1 intergrowth of the n = 13 and n = 14 members.
These and related observations have reopened some discussion of the defect clusters
in anion excess fluorites. A significant step was a full structure determination of the
naturally occurring yttrofluorite mineral tveitite, CaI4YsF4a ( (Ca, Y)Fz.26),which, as
the n = 19 member of the homologous series, indicates the common structural pattern
of the superstructures (Bevan et a! 1982). In it, all the cations are very close to the
positions of the f.c.c, fluorite structure, but the anions are systematically displaced in a
way that generates a new kind of cluster. Figure 15a shows a group of six edge-sharing
[MXs ] coordination groups in the fluorite structure, viewed' down [111]. If each cube
is converted to a cubic antiprism, by rotating the innermost square face, all the internal
corners can be shared by incorporating four more anions, to give the unit shown in
figure 15b. The core of this cluster is a cuboctahedral cavity that can--permissively
rather than mandatorily--accommodate another anion. Anions making up the outer
vertices of the cluster are little displaced from ideal fluorite positions, so that the whole
can 'plug in' freely into unchanged fluorite structure. An original element of the fluorite
structure with the local composition M6X32 is thereby transformed into a cluster
M6X37which underlies the ordered superstructures of the M~F2, +5 series, and which
could serve, with minimal strain, as a randomly disposed extended defect in the
nonstoichiometric, anion-excess fluorites. It is certainly an important structural motif
in a number of well-established crystal structures; it is not yet established that it is an
alternative interpretation of all the crystallographic data and should replace the
concept of the Willis cluster, in nonstoichiometric fluorites. According to Bendall et a!
(1981) the Greis-Bevan cluster model fits the diffraction data for the nonstoichiometric
SrCI2 + 10 % PrC13system, and is not incompatible with the earlier work of Cheetham
et al on (Ca, Y)F z +~,.
Clusters based on conversion of cubic [MXs] polyhedra into square antiprisms
achieve a closer packing of anions without imposing the unacceptably close interatomic
distances between F' interstitials that are unavoidable in Willis-type clusters. However,
Laval and Frit (1983) argue that the Greis-Bevan cluster does not explain the
displacement of F" interstitials along (111), and so fits neither the observed site
occupancy nor the spectroscopic evidence (Andeen 1981; Moore and Wright 1981).
They propose an alternative cluster model, in which a square antiprism is formed by
cooperative rotation of one face of an [MXs] cube. With small relaxations of anions in
the immediately adjacent [MXs] cubes, a cluster M9X49could be formed which is
virtually unchanged in volume and connectivity from an element MgX44from the
original fluorite structure. It could thus provide up to five interstitial sites or ff55
interstitials per cation, but less densely packed clusters are probable and Laval and Frit
suggest that occupation of three out of the five potential sites would accord well with
the site occupancies and the actual interstitial positions found by Cheetham for
(Ca, Y)2 +~,-This proposed cluster, with vacancies and anions in positions corresponding to F' and F" interstitials (figure 15c) could be regarded as a 4:4: 3 cluster and is not
completely unrelated to the original concept.
Catlow et al (1983) have rejected the Bevan-Greis type of defect cluster, on the basis
of their HADEScalculations of cluster binding energies, and in the light of a fresh single
crystal neutron diffraction study of CaF 2 doped with 5 mole% LaF 3. This was
interpreted as unambiguously indicating that the clusters were smaller than is required
by the Greis-Bevan (or the Laval-Frit) model. That there would be a net gain in binding
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energy by forming Willis type clusters had been shown by earlier calculations on
UO 2+x (Catlow 1977). The new calculations trace how energy is gained progressively
through defect association (table 8).
Table 8.

Binding energies for successive stages of aggregation.

Binding energy
Binding energy
Binding energy
Binding energy

for ( L a ~ F i ) < 100 > association
for ( L a ~ F i) (111 > associate
for 2(La~Fi) --. 2 : 2 : 2 cluster
for 2:2: 2 cluster + Fi --, 3 : 2: 2 cluster

0-799 eV
0-384 eV
0-419 eV
1"283 eV

A rational implication of the data in table 8 is that clustering takes place
progressively, as the concentration of interstitials increases, through the continued
aggregation of the primary defect species--interstitial anions and the dipolar
association of interstitials and compensating cations. However, a necessary consequence of invoking 3 : 2 : 2 clusters is that the clusters bear a net negative charge, and
that a corresponding proportion of the altervalent ions must either reside in smaller
clusters or be separated from charge compensation. It is by no means clear that the free
energy of the system would be optimised by such a distribution. It is more likely that the
altervalent cations must be located in or immediately adjacent to the clusters. Hence,
larger clusters, such as the Greis-Bevan cluster, must depend upon an appropriate
localisation of the altervalent cations, a process that depends upon the diffusion of
cations. The structure of defect clusters may not be the same in all systems and at all
concentrations and, as Catlow has pointed out, several factors could influence the
relative importance of simple clusters and larger, more structured clusters: the relative
ionic radii of dopant and host cations, the concentration of dopant and the duration of
annealing. If the last is important, it would imply that, for some conditions at least, the
simple Willis-type cluster represents a metastable configuration, not the ground state of
absolute minimum free energy. It would be valuable to investigate the defect structure
of yttrofluorite minerals with a low concentration of lanthanide cations, since only for
naturally occurring crystals can it be assumed that annealing and ordering processes
have approached completion.
8.

Final considerations

No attempt has been made in this review to cover the entire range of nonstoichiometric
systems. One whole class of compounds that have been omitted is that based on the
stacking of slabs of structure that are demarcated by planar singularities--sheets with
changed linkage of coordination polyhedra, as in the crystallographic shear structures,
or the brownmillerite layers of the defect perovskites ABO 3_x, or sequenced layers of
different chemistry, as in the extreme example of the layer ferrites. For the homoatomic
systems, such as the CS structure oxides like TiO2_ ~ or WO3_ ~ there must be a
transition between a point defect regime at extremely low degrees of reduction and the
two-dimensionallyinfinite extended defect regions of the CS phases but in general these
layer structure systems involve problems of long range order, often with remarkably
large repeat distances. They do not exhibit reversible transitions between the ordered
state and some randomized configuration of variable composition. Disordering would
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be a one-dimensional process, it would yield only a very small configurational entropy
to offset the expenditure of energy in the disordering reaction. They are enthalpycontrolled systems. For kinetic reasons, complete order into discrete phases may not be
fully achieved in the preparation of such materials, but the resulting, pseudononstoichiometric products are metastable; the equilibrium state is that of discrete
compounds of determinate composition.
In contrast, the systems dealt with here have been entropy-controlled systems, and it
will be apparent that some fundamental problems are still unresolved, as regards the
real space structure of their disordered, stoichiometrically indeterminate high temperature forms, and their relation to the point defect concept.
In some respects the situation is less clear than it appeared to be a decade ago; the
accumulating crystallographic evidence and the direct observation of structure in real
space by high resolution electron microscopy (but this related almost entirely to
enthalpy controlled systems rather than truly nonstoichiometric crystals) appeared to
be consistent with the ideas foreshadowed by Wadsley (1962) and Anderson (1962~
The outcome of this reasoning was that the statistically randomized structure
actually embodied regions or microdomains with two modes of local ordering:
microdomains of a new ordered structure dispersed coherently in a matrix of
unchanged parent structure. As has been seen in relation to the Ti-S system, a model of
this kind can, by computer simulation, generate a distribution of diffuse scattering (of
x-rays, electrons or neutrons) that satisfactorily matches the observed diffraction
effects. On the other hand, the converse simulation process, using the short range order
parameters deduced from the diffuse scattering to regenerate the configuration that
yielded the diffraction data, has not (cfthe discussion of TiO and VO) supported the
microdomain concept. This is not necessarily a definitive objection to it; a given set of
order parameters does not correspond to a unique structure, and the simulation process
does not necessarily generate the solution that minimises the free energy.
There are, however, some unresolved problems attached to the microdomain
concept. The first is the minimum size of a region that is autonomous and characterized
by its own local order, as distinct from some arbitrarily selected group of lattice points
that has been generated fortuitously in a random distribution. The evidence from the
few studies of nonstoichiometric phases under equilibrium conditions is that the short
rangeorder parameters differ rather little from those expected for a completely random
distribution of defects. In systems (e.g. Ti-S, doped ZrO2) for which a microdomain
description is attractive, it appears to be accepted that the probable size of
microdomains is in the range 30-100 A. The equilibrium of such systems must be
described by the thermodynamics of small systems (Hill 1963), in which the size of the
dispersed entities introduces an additional degree of freedom. No satisfactory
treatment of nonstoichiometry has as yet been formulated along those lines, and it
remains unclear whether a dispersion of microdomains can be the stable, equilibrium
state over a wide range of temperature, or whether it must be a precursor stage of
nucleation, domain growth and phase segregation.
The ultimate control of structure is thermodynamic, and several semi-empirical lines
of theoretical development offer some insight into defect structures. It is firmly
established that defect complexes or clusters play a dominant role in some nonstoichiometric systems though, as has been seen, our structural knowledge about those
clusters is still incomplete. It is important that theoretical calculations have confirmed
that the aggregation of point defects into such clusters, and the observed local
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modification of the matrix structure, are usefully exothermic processes. The theory is
not yet predictive, however. It treats the stability of a cluster in isolation, whereas this
cannot be independent of the existence of other clusters and the configuration around
all the sites of the matrix structure. Further, it is practicable to consider only those
clusters that are not only structurally plausible in the light of incomplete crystal
structure evidence, but are also tractable for the computation. Nevertheless, the
advance is significant.
A second main line of theoretical development is the treatment of extended defects,
structured clusters and superlattice ordering in terms of the interactions between
defects, and between defects and surrounding matrix structure. Kanamori's work, cited
above, is significant in that it demonstrates that the pair interactions in any real system
operate over a wider range than has hitherto been considered in the statistical
thermodynamics of crystals. To make a pair interaction treatment predictive, it would
be necessary, however, to have a deeper understanding than we now possess of all the
relevant interactions and interaction potentials.
The crucial problem remains the disordered, nonstoichiometric state. In classical
point defect theory, a basic postulate is that the enthalpic cost of creating a point defect
is independent of the occupancy and configuration about all other lattice sites. This is
grossly untrue at the formal defect concentrations involved in disordered nonstoichiometric phases, and it is this feature that invalidates the straightforward
application of point defect theory to them. In this context, the work of Catlow and
Parker, cited above in relation to anion-deficient doped zirconia, is a promising
development.
Even apart from the experimental problems of acquiring microstructural information from nonstoichiometric systems under equilibrium conditions, it is likely that
there will be insurmountable limitations to what is accessible. It is, therefore, all the
more important that a sound and predictive theoretical basis should be established.
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