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Abstract. There is always a necessity to tailor new age materials for use in aircraft and automobile industries, and also
in sophisticated fields at which resistance to elevated temperatures is of prime importance. To ensure the stability of highstrength levels of conventionally precipitation-hardened aluminium (Al) alloys, thermo-mechanical alloying and ageing
treatment (TMAAT) was applied to AA2014 Al alloys. Essentially, AA2014 alloy was thoroughly decorated with fine Al
dispersoids and precipitates by means of ball-milling and conventional ageing. Hence, using powder metallurgy methodology,
powders of AA2014 alloy and graphite were mechanically alloyed (MA) for 7 h in a vertical attritor. The obtained powder
mixture was then cold pressed into samples under the pressure of 800 MPa. To decorate the matrix with finely distributed
Al4 C3 phase particles (dispersoids), samples were systematically annealed (sintered) for a long time in a furnace system
operating under a controlled atmosphere of argon at 550◦ C. This temperature was found to form a ternary Al–Cu–Mg
liquid phase in carbon-blended AA2014 alloy during sintering. However, the Al4 C3 phase could not be observed. After
subsequent homogenization and water quenching, all samples were age hardened at 150◦ C for 46 h. Results confirmed that
ordinary AA2014 alloy with Al2 Cu precipitates over-aged normally as expected. In contrast, the material treated by MA had
reinforcing Al4 C3 particles together with Al2 Cu precipitates. It was realized that this reinforced material did not soften and
still retained its high peak hardness level even during prolonged over-ageing treatment. Consequently, it was apparent that
TMAAT improved the strength, and therefore was promising for resistance to high-temperature exposure of the material.
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1. Introduction
Precipitation-hardened Al alloys lose their high strength at
elevated temperatures because of either over-ageing or dissolution of the precipitates responsible for hardening. 2xxx
[1–4] and 7xxx [5–7] series Al alloys are extensively preferred
in the aerospace industry and are commonly used in construction stages of aircraft components. Among 2xxx series, the
popular alloy system of AA2024 has recently been replaced
with AA2014 [8], where scientific studies are mainly concentrated on improving the mechanical properties of this alloy in
every respect [1,2]. AA2014 is an Al–Cu–Mg alloy which is
a potential candidate in the family of high specific strength
structural material [8]. A demand for weight reduction in
structural components calls for further enhancement in the
strength of commercial structural alloys. In this regard, cold
deformation prior to ageing is a known industrial technique
applied to increase the ageing response particularly for wearresistant applications. In this context, it may be interesting
to verify the possibility of improving hardness and therefore
yield strength by primarily using ball-milling such that to
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impose the cold deformation effect on ageing response of this
AA2014 alloy.
Powder metallurgy (PM) is a principal method used extensively in the manufacture of improved materials [9–12]. In
PM methodology, following the cold compaction of powder
particles, sintering mechanism is used by which solid bodies
are bonded by atomic forces through the application of heat
and/or pressure [9,11,12]. Even at room temperature, sintering is possible by the application of pressure. Sintering is a
method of integrating powders with or without the formation of a liquid phase, particularly in between the interfaces
of powders. During heating (sintering), time and temperature
proceed in the same direction. Thus, longer the duration of
sintering, better the mechanical coherence of a compact for a
given temperature.
The most apparent characteristics of microstructures of a
material prepared by using the powder amalgamate method is
the possible presence of pores in the sintered structure [11].
Porosity is an obstacle in the production of reasonable physical and chemical properties. The kind of porosity can be
controlled to a certain extent by changing several conditions
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such as type, size, shape of powders and compaction pressure.
When a liquid phase is formed during sintering, consolidation
can be further enhanced by increased diffusion rates within
the liquid media, and densification can be improved by good
wetting between the liquid and solid components adjacent to
each other.
Mechanical alloying (MA) is a well-established powder
production method, which is the way of using powders and
balls for alloying in appropriate ratios with suitable time and
ball-powder proportions [13,14]. By using MA, it is possible
to obtain homogeneous distributions of inert and fine particles
within the matrix. MA can also be used to activate chemical
reactions in different powder mixtures at room temperature or
even at low temperatures that are normally desired [13]. In this
way, new alloy powder systems almost in atomic dimensions
in every diverse combination can easily be obtained [15].
The aim of this study was to decorate the matrix with bimodal distribution of ultra-fine precipitates and dispersoids
of different phases to achieve high persistent strength level
in AA2014 alloys. For this, thermo-mechanical alloying and
ageing treatment (TMAAT) method was applied to the present
alloy system.

2. Experimental
AA2014 Al alloy powders were produced in a 15 bar pressurized vertical gas atomization tower. They were further
processed by means of MA with 2% C in a system working under purified Ar gas. The standard MA conditions used
were 500 rpm and a ball powder ratio of 20:1, as its productivity had been verified in some previous studies [16–21]. When
graphite and 0.5% zinc stearate were added to ease lubrication
in pure Al, 7 h was found to be the most appropriate duration
for the success of the MA [15,17–19]. At the beginning of
MA, mean hardness of the powders was about 125 HV, where
this value reached up to 228 HV at the end of the process.
After MA, graphitized alloy powders were pressed at
800 MPa and then sintered at 550◦ C for 4, 8 to 24 h. Later,
these samples were systematically solutionized at 520◦ C for
2 h, water quenched and finally aged at 150◦ C for 4, 8, 12,
16, 20, 24 and 46 h, successively. To investigate the effect of
the presence of the Al4 C3 phase particles on the microstructure and strength, first without MA, cold-pressed raw 2014
alloy powders without C were sintered and then aged. Second, by the use of MA process, C-blended alloy powders were
cold pressed, sintered and finally aged successively. During
these processes, hardness values of all samples were systematically monitored, where a Shimadzu Micro Hardness device
was employed with a load of 100 g. Also, microstructural
evolutions were thoroughly investigated by using a Malvern
Master Sizer E particle size analyzer, Bruker D8 XRD analyzer (monochromatic radiation of CuKα, λ = 1.5406 with a
rate of 2◦ min−1 ) and Joel JSM-5600 scanning electron microscope (SEM) with energy dispersive spectroscopy (EDS).
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3. Results
An SEM micrograph of pre-alloyed AA2014 alloy powders
used in the MA process is displayed in figure 1a. Because of
gas atomization technique, powders are generally spherical
and irregular in shape [11,22]. In figure 1b, an SEM image of
the same alloy powders synthesized using graphite for about
7 h of MA is shown. Figure 2 shows the average grain size
analyses of the raw and blended powders. From figure 2a, it
is clear that raw alloy powders are about 72 μm in size. As
usual, blended powders are refined (figure 2b). They have an
intricate shape and structure with a mean size of 26 μm.
Figure 3 displays the X-ray diffraction (XRD) analysis of
the 2014 alloy powders blended with C. According to the
results, up to the possible maximum duration for the MA
(i.e., 7 h), the expected Al4 C3 peaks could not be detected.
This is in agreement with the early studies conducted on the
maximum duration of MA to mix graphite together with pure
Al [8,15,17–23]. Therefore, it can be stated that the maximum possible processing time for MA is inadequate to form
the expected Al4 C3 phase. In this study, it was expected that
liquid phase sintering at 550◦ C after MA would sufficiently
stimulate the conditions to generate the expected Al4 C3 phase
[21,24]. However surprisingly, even at the end of the prolonged sintering, only equilibrium Al2 Cu (θ ) phase particles
were spotted at the grain boundaries, where the expected
Al4 C3 phase was still missing (figure 4). SEM micrographs
taken from the samples annealed for 4, 12 and 24 h at 550◦ C
are shown in figure 4. Both figure 4c and d displays the micrographs of the samples sintered for 24 h. Figure 4d presents
the microstructure which was further over-aged at 150◦ C
for 46 h.
In figure 5, compositional analysis of several samples by
EDS technique are presented, where white bright areas are
rich of Cu (Al2 Cu) and are mostly located on grain boundaries. It is apparent from both figures that average grain size
is more or less the same without a significant change in the
amount of the θ (Al2 Cu) phase up to the duration of 24 h of sintering. However, during ageing at 150◦ C, only a few clusters
of Al2 Cu are present at grain boundaries (figure 4d). Major
Cu-rich areas i.e., θ (Al2 Cu) particles are mostly distributed
homogeneously throughout the matrix of α-Al [25–27].
Figure 6a, b and c presents the XRD results of 4-, 12- and
24-h-sintered samples at 550◦ C, respectively. Figure 6d portrays the XRD result after 24 h of sintering at 550◦ C and then
46 h of over-ageing at 150◦ C. It is obvious that as the duration prolongs, the height of the peaks of the Al2 Cu phase does
not change. In contrast, on further over-ageing at 150◦ C, the
Al2 Cu phase peaks sharpen, where the expected peaks of the
Al4 C3 phase eventually arise.
As illustrated in figure 7, without the MA process, after
the consolidation of the ordinary powders and liquid phase
sintering for about 4 h at 550◦ C, hardness before ageing is
around 34 HV (figure 7a). When this material is aged up to
18 h, hardness value reaches a mean value of 60 HV. Similarly, as sintering time systematically increases from 12 to
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Figure 1. Field emission-SEM micrographs of: (a) AA2014 powders after gas atomization and (b) AA2014 powders mixed with graphite
after 7 h of MA.

24 h, hardness values before ageing increase to 43, 47 and
48 HV, respectively. This is because of decreasing porosity
and densification of the structure during sintering. On further
ageing at 150◦ C for 24 h, peak hardness values elevate up to 70
and 80 HV, however later, the values diminish slowly during
over-ageing.
The most noteworthy observation was noticed in samples
that were processed by the MA method. As is clear from
figure 7e–h, just before ageing, hardness values are around
60, 67, 69 and 78 HV for samples sintered for 4, 8, 12
and 24 h at 550◦ C, respectively. This noticeable increase in
strength before ageing is due to the MA process. In addition to a decrease in porosity, microstructure of the material
may improve due to some possible cellular structures or dislocation substructure formation [17,18]. Immediately after the
MA, the average hardness of the powders was measured to be
228 HV. After cold compaction, this hardness did not change
(230 HV). However, during sintering, the compacts softened
considerably. The most overwhelming results were obtained
when the material was further aged at 150◦ C. During the ageing, high hardness values were achieved fluctuating between
120 and 140 HV. This surprising regime of persistent high
plateau of hardness may be due to the late formation of Al4 C3
phase dispersoids in the matrix of the material (figure 6d).

4. Discussion
The material used in this study is AA2014 Al powders. It is
a strong structural alloy, where conventional age hardening
is usually accomplished by complex Al-, Cu- and Mg-rich
phases. AA2014 alloy has a minor content of Mg (about
0.6%). Hence, a ternary mixture of Al–Cu–Mg liquid phase
can be expected to form and wet the Al-rich powder interfaces
during sintering at 550◦ C. On subsequent air-cooling, it can
form a mixture of θ (Al2 Cu) and/or S (Al2 CuMg) phases at

consolidated powder boundaries. However, compared to Al,
melting point of Mg is low; therefore, diffusion of small Mg
atoms in the Al matrix is quite fast. A substantial amount of
Mg can migrate towards grain boundaries, where they immediately evaporate leaving empty-spaces behind during prior
sintering at 550◦ C. Later, Cu atoms migrate, filling up pores
and occupy the grain boundaries [8,11,18,19]. In the present
study, because of this reason Mg-rich spots could not be captured in the EDS analysis. Hence, the present alloy system
acts like an ordinary Al–Cu binary alloy.
In this study, it is clear that after MA and cold compaction of
the blended alloy particles, sintering, and particularly ageing,
has a profound effect on the formation of Al2 Cu precipitates.
According to SEM and EDS micrographs (figure 5), upon
heating the compacts to 550◦ C and then cooling down to
room temperature, heterogeneous precipitation can be readily observed around the Al-rich blended powders. Thus, the
colonies of Al2 Cu at grain boundaries are a possible result
of a residue of a liquid phase formation during sintering for
a long time (figure 5a–c). It can be noted that a complete
wetting of the blended powders takes place by the formation
of liquid phase confined to the interfaces between the particles. EDS spot analysis reveals that they are mainly rich of
Al and Cu and therefore after cooling down, the θ (Al2 Cu)
phase is mostly populated at grain boundaries. XRD results
also ensure this observation. According to figure 6, peaks of
the Al2 Cu phase appear at the onset of sintering. However, the
peak intensities remain almost constant during sintering for a
long time (i.e., 24 h at 550◦ C) which means that after sintering and air-cooling, only Al2 Cu phase can precipitate in the
matrix. Thermodynamically, in this particular alloy system,
the driving force for Al4 C3 phase formation is inadequate
even after long periods of sintering (figure 6c). Only after
solutionization, quenching and over-ageing, the Al4 C3 phase
can form although the peaks of the Al4 C3 phase can hardly
emerge in the XRD profile (figure 6d). It was reported that, to
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Figure 2. Average grain size distribution of: (a) powders of AA2014 alloy and (b) graphite-blended
powders of AA2014 alloy after 7 h of MA.
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Figure 3. XRD profile of graphite-blended powders of AA2014 alloy after 7 h of MA.

Figure 4. SEM images of samples sintered at 550◦ C for: (a) 4 h, (b) 12 h, (c) 24 h of sintering with white
areas rich of Cu (Al2 Cu) and (d) 24 and 46 h of over-ageing at 150◦ C. Al2 Cu zones (bright regions) are mostly
confined around micro-voids at grain boundaries.

produce Al4 C3 dispersoids, Al alloy powder had to be intensively dry milled (MA) with C powder [20,28]. Al4 C3 dispersoids could then be produced by chemical reactions, which
actually started during MA, and was possibly completed

during the subsequent heat treatment process. In consequence,
the resulting powder mixture was pressed and compacted,
where compacts were usually prepared by isostatic pressing
and hot extrusion [20].
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Figure 5. EDS results of several samples sintered for a long time at 550◦ C after: (a) 4 h, (b) 12 h, (c) 24 h and (d) 24 and then 46 h of
over-ageing.

In this study, particularly after MA, the roles of prolonged
ageing in subsequent properties in hardness of the material
were in question. Thus, after MA plus sintering and aircooling, the material was further solutionized (2 h at 520◦ C)
and then water quenched. Ageing was chosen to be the main
consecutive step to monitor the changes in hardness and the
enhancement of the mechanical properties of the material.
In this regard, severe cold compaction during MA prior to
sintering was expected to activate the formation of Al2 Cu
and Al4 C3 phases to increase the ageing response particularly
for further long-time elevated temperature-resistant applications.
Precipitation sequence in an ordinary Al–Cu alloy can be
written as: Supersaturated Solid Solution → GP zones →
θ  (Al3 Cu) → θ  (Al2 Cu) → θ (Al2 Cu) [29]. Thus, the ageing kinetics and formation of coherent and semi-coherent
precipitates and dispersoids may likely be influenced by the
duration of MA and sintering processes. In the present study,
during ageing, first Al2 Cu phase and later Al4 C3 phase precipitates out in the microstructure.

Previous studies have stated that the presence of Mg during mechanical processing increases dislocation density, on
the contrary inhibits recovery processes during heating [30].
In this respect, dislocations and grain boundaries may play an
important role in the formation and later coarsening of Al4 C3 phased dispersoids. This simply means that after MA and cold
compaction, dislocation density or a cellular structure may be
so high that rather than volume diffusion, solute diffusion at
dislocation pipes and grain boundaries may dictate the precipitation rates of the second-phase particles.
Naturally, the MA process has a profound effect on hardness. Hence, in the present study, after MA and consolidation,
the compacted powders, particularly the compacts formed by
finer powders could then achieve high hardness (230 HV).
However, during subsequent sintering, hardness first reduced
but then elevated gradually (figure 7). This decrease in hardness possibly corresponds to strain softening or some recovery
and may be minor recrystallization in the material. But later
on, as sintering proceeded, hardness again increased. This
may be due to the formation of fine Al2 Cu particles on grain
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Figure 6. XRD profile of compacts of MA and sintering at 550◦ C after: (a) 4 h, (b) 12 h, (c) 24 h and (d) 24
and then 46 h of over-ageing at 150◦ C.

Figure 7. Effect of ageing on hardness distribution after sintering.
Legends a, b, c and d stand for samples processed by MA. Legends
e, f, g and h stand for samples without MA.

boundaries and cellular dislocation substructures. Actually,
nitrides and carbides in pure Al have very low solubilities
where, small supersaturated interstitial C atoms have the tendency to settle on strain fields of the lattice defects such as on
dislocations [17]. In the present case, it was normally expected
that during the MA process, free C would gradually become
supersaturated in the AA2014 alloy system [17]. Dissolved
C atoms were located on cold-compacted dislocation substructures [17,24]. Depending on the extent of sintering, just
before ageing, a systematic increase in hardness might likely
be because of the interactions between free C and numerous

dislocations in the matrix (figure 7). Thus, high concentration of C atoms along the grain boundaries and dislocation
pipes might enhance Al4 C3 phase nucleation during the sintering [30]. However, in this study, contrary to the previous
results [17], the Al4 C3 phase could not be favoured even after
long periods of sintering (figure 6c). Only after solutionization, quenching and ageing, the Al4 C3 phase could hardly be
formed so that the peaks of the Al4 C3 phase emerged during
the stage of ageing (figure 6d).
It is actually well clear that minor additions of elements
may modify the nucleation of precipitates and therefore
impose large effects upon the structure and properties of
the age-hardenable alloys. Trace elements may interact with
vacancies, leading to a reduction in the rate of lattice diffusion of substitutional elements. Thus, the marked effects of
small amounts of elements on reducing the rate of GP zone
formation in Al–Cu alloys may mostly be attributed to this
incidence. Trace elements may also modify the precipitate–
matrix interfacial energy, where precipitation of a different
phase can be favoured in an alloy system. In some cases, the
trace element effect appears unique to a particular alloy system whereas in others the same trace element may stimulate
nucleation in several systems.
In the present study, Mg and Cu atoms migrate to grain
boundaries during sintering at 550◦ C. After MA, a ternary
mixture of the Al–Cu–Mg liquid phase forms and wets the
blended powder interfaces during sintering [18,19]. Because
the melting point of Mg is quite low, the diffusion rate of Mg
in the Al matrix is fast. A substantial amount of Mg primarily
migrates towards grain boundaries, where they immediately
evaporate leaving empty spaces to be occupied by elemental
Cu. Meanwhile, supersaturated free C can also migrate fast
towards the same regions. Therefore, concentration of C at
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grain interiors may diminish considerably, suppressing the
precipitation potential of the Al4 C3 phase within the matrix.
At grain boundaries, C atoms may counteract and compete
with Cu atoms, and the precipitation rate of Al2 Cu could be
influenced by free C. However, conditions for precipitation
of Al4 C3 still seem to be inappropriate at grain boundaries
during sintering (figure 6). Meanwhile, to reduce the stored
energy of cold pressing, excess dislocations inherited from
prior cold compaction may be arranged in such a way that subboundaries and cellular dislocation network structures may be
formed in the sintered matrix [25,27].
It can be contemplated that during homogenization (520◦ C)
first C and then Cu diffuse back into the grain interiors
(figure 6d). When the material is water quenched, driving
forces for Al2 Cu and Al4 C3 phase formations increase due
to the supersaturation of Cu and C in the matrix. Al2 Cu and
Al4 C3 phases precipitate successively, ending up in a bimodal
distribution of fine particles during ageing (150◦ C). Al4 C3
precipitates (dispersoids) with very low solubility in the Al
matrix are hard, stable and therefore can resist rapid particle
coarsening [15,17,31,32]. Therefore, after initiation, dispersoids tend to be very fine and homogeneously distributed
within the matrix [15,17–19].
Morphologically smaller GP zones have a higher surface
energy. Cu atoms tend to aggregate at the coherent interfaces leading to coarsening of these clusters. When GP zones
grow to a certain critical size, they transform to θ  or θ 
phase with higher strengthening effects. However, free C
in the matrix may interact with vacancies, particularly with
quenched-in vacancies, leading to a reduction in the rate of
lattice diffusion of Cu, particularly near the Cu-rich clusters. Hence, it may be anticipated that free C annihilates
the quenched-in vacancies in α-solid solution. Thus, small
amounts of free C may have a marked effect on reducing GP zone formation by either decreasing vacancies or
by segregating at the precipitate–matrix interface leading
to the dissolution of some finer GP zones formed at room
temperature [17,33]. At this point, it is more likely that a
trace amount of C may increase the activation energy for
diffusion of solute elements towards GP zones and therefore conversely motivates the initiation of coherent θ  but
more likely semi-coherent θ  phase particles on heterogeneous nucleation sites (i.e., dislocations). In other words, to
reduce strain energy θ  particles prefer to lie on the nodes of
the dislocation network arrays [25–27]. They lock the substructure strongly and this leads to an increase in the strength
of the material [25]. However, θ  precipitates may liable to
grow noticeably during over-ageing, particularly after the
onset of Al4 C3 phase precipitation (figure 4d). Vacancies
may now become available for Cu diffusion and by considerable growth of θ precipitates, the control of Cu-rich
phase on dislocation substructure may weaken. Although
thermodynamically stable and hard Al4 C3 dispersoids [32]
progressively increase in number and form sound groups on
dislocation network substructures, the effect of large overaged θ particles gradually diminishes. Then, fine dispersoids
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of Al4 C3 may effectively provide stability to the substructure
[15,17,18,25–27].
The overall strength increases considerably where, peak
hardness values on the average are fluctuating in between
130 and 140 HV. Thus, when the duration of sintering before
homogenization and water quenching increases, the elevated hardness resists to decline during the over-ageing stage
because of the increased density of dislocations for heterogeneous precipitation. Dislocation substructures introduce heterogeneous nucleation sites for both Al2 Cu and Al4 C3 phases,
so that number of barriers against sub-boundary movements
increases [17]. Thus, during ageing, fine metastable θ  and θ 
particles and nano-scaled Al4 C3 dispersoids may form successively at critical points on the nodes of substructures. By
stabilizing the size and distribution of the network structure,
they may dictate the overall hardness of the alloy system.
This means more precipitation may occur which can selectively form along grain and sub-grain boundaries, ending up
strong blockage of the advancement of these boundaries during the remaining period of the ageing treatment. However,
Cu-rich metastable θ  and θ  precipitates may coarsen to reach
the final stable θ precipitates. In contrast, fine and insoluble Al4 C3 dispersoids do not grow rapidly and therefore may
finally control the size of the dislocation network structure
[17]. Because of this, in figure 4d, large Al2 Cu particles are
homogeneously distributed throughout the matrix.
Meanwhile, the retardation of precipitation of Al4 C3 during ageing may be caused by either relocation of the Al2 Cu
phase (θ particles) from grain boundaries into the α-Al matrix
or a reduction of matrix dislocation density. However, rather
than dislocations, dissolution of primary θ particles may indirectly retard precipitation of Al4 C3 . As mentioned earlier,
during homogenization, large θ particles on original grain
boundaries dissolve and after water quenching both Cu and
C supersaturate in Al solution. However, the degree of supersaturation of Cu (about 4%) is much larger than that of C
(less than 10−6 %). Consequently, thermodynamic potential
(i.e., free energy) for GP zone precipitation is much greater
than that of the Al4 C3 phase. In contrast, trace C atoms soluble in the matrix are effective at reducing excess vacancies,
so that quench sensitivity decreases and rather than coherent GP zones, heterogeneous precipitation of θ  and/or θ 
occurs during ageing on dislocation substructures. Only during over-ageing, large θ particles are distributed in the matrix
(figure 5d). Hence, driving force for the precipitation of Al4 C3
may take the lead subsequently and may become effective on
the present dislocation network structures.
Recently, it has been mentioned that for pre-strained Al
alloys, during ageing, neither the equilibrium θ phase on original grain boundaries dissolve nor any such phases precipitate
out of Al solution [33]. Hence, the formation of nano-sized
precipitates (i.e., of θ  or θ  phases) needs to be further investigated in detail [33]. However, in the present study, large
primary precipitates of Al2 Cu (θ ) are located at grain boundaries during sintering. After homogenization and quenching, these primary precipitates possibly dissolve and later
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Al2 Cu phase re-precipitates out heterogeneously mostly as
semi-coherent θ  and grow gradually (figure 5d). This apparent difference may be due to the MA and the formation of fine
cold-compacted structure. As powders reduce in size when the
duration of MA increases, compacts prepared from consolidation of finer powders may have smaller grains and also a dense
cold-compacted substructure. This fine dislocation network
structure may activate and then assist in rapid transport of the
solute element by means of dislocation pipe diffusion. That
means, more heterogeneous precipitation may occur and more
sites available for ultra-fine precipitates in groups can selectively form along the final grain and sub-grain boundaries.
Consequently, the main experimental procedure (TMAAT)
results in very dense and complex dislocation substructures
and controls the sequence of precipitation in the present 2014
alloy system.
In summary, during ageing, Al4 C3 and Al2 Cu phase particles precipitate successively [31]. As a result, a bimodal
distribution of precipitates forms within the alloy system.
Al4 C3 dispersoids with very low solubility in Al are hard,
stable and resistant to particle coarsening [15,17,32]. After
initiation, particles tend to be fine and homogeneously
distributed within the matrix [15,17–19]. In contrast, semicoherent θ  (Al2 Cu) precipitates are also very effective at
blocking dislocation by preferentially taking positions on the
dislocation substructures [25]. They interfere and are mostly
entangled with dislocations [26,27]. However, being soluble in the matrix, they grow considerably during over-ageing
(figure 4d), and therefore lose control on sub-grain boundaries [25]. In contrast, thermodynamically stable and hard
Al4 C3 precipitates [32] continue to increase in number forming groups of dispersoids on dislocation networks [15,17].
For this reason, nano-sized Al4 C3 particles effectively take
the lead. By suppressing the effect of large over-aged Al2 Cu
particles, Al4 C3 dispersoids can dictate the stability of the
substructure [15,17,18,25–27]. This obviously may end up in
strongly active retardation of the growth of these boundaries
during high-temperature applications [17,21].

5. Conclusion
(1) In this study, the aim was to tailor the microstructure of
AA2014 high-strength alloy to endure high-load levels and provide service at elevated temperatures. To
achieve this, a TMAAT method was implemented.
(2) Using PM techniques, at first AA2014 alloy was synthesized using graphite by MA. Then, liquid phase
sintering and ageing treatments were employed successively to improve the overall strength by introducing
Al4 C3 phase particles into the Al matrix. Results
confirmed that ordinary AA2014 alloy with Al2 Cu precipitates over-age normally. However, when the matrix
was strengthened by Al2 Cu and Al4 C3 precipitates,
peak hardness increases (from 70 to 140 HV) and
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high strength is maintained even during the prolonged
over-ageing treatment.
(3) A bimodal existence of Al2 Cu and Al4 C3 precipitates
was very effective at increasing the strength of the
material. Fine Al4 C3 phase dispersoids dominated and
continued to fasten the dislocation sub-structure during
over-ageing. Thus, they hindered dislocation motions
and stabilized the microstructure, ending up in a considerable increase in durable strength levels.
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